Studies of Barium Titanate on the Atomic Scale using Transmission Electron Microscopy by Park, Daesung
Studies of Barium Titanate on the Atomic Scale
using Transmission Electron Microscopy
Von der Fakulta¨t fu¨r Mathematik, Informatik und Naturwissenschaften der RWTH
Aachen University zur Erlangung des akademischen Grades eines Doktors der
Naturwissenschaften genehmigte Dissertation
vorgelegt von
M. Sc. der Materialwissenschaften
Daesung Park
aus Yosu, Su¨dkorea
Berichter: univ.-Prof. Dr.rer.nat Joachim Mayer
univ.-Prof. Dr.rer.nat Regina Dittmann
Tag der mu¨ndlichen Pru¨fung: 30.01.2015
Diese Dissertation ist auf den Internetseiten der Hochschulbibliothek online
verfu¨gbar.
2
Contents 3
Contents
Abstract 13
Introduction 17
1 Transmission electron microscopy 21
1.1 High resolution transmission electron microscopy . . . . . . . . . . . . . 22
1.1.1 Resolution limit of conventional TEM . . . . . . . . . . . . . . . . 22
1.1.2 The principles of high resolution transmission electron microscopy 25
1.2 High angle annular dark field imaging in STEM . . . . . . . . . . . . . . 34
1.2.1 Image formation in STEM . . . . . . . . . . . . . . . . . . . . . . 35
1.2.2 Atomic resolution imaging with aberration correction . . . . . . . 37
1.3 Electron energy loss spectroscopy (EELS) . . . . . . . . . . . . . . . . . 39
1.3.1 Basics of EELS . . . . . . . . . . . . . . . . . . . . . . . . . . . . 40
1.3.2 Modelling of ELNES using real space multiple scattering theory . 46
1.3.3 StripeSTEM . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 50
1.3.4 Energy filtering transmission electron microscopy . . . . . . . . . 53
1.3.5 Crystal field splitting effect on the Ti-L23 edge . . . . . . . . . . . 59
1.4 Focused ion beam (FIB) and low angle ion milling . . . . . . . . . . . . . 60
2 Physical properties of BaTiO3 71
2.1 Ferroelectricity of BaTiO3 thin flms . . . . . . . . . . . . . . . . . . . . . 71
3 Characterisation of ultrathin BaTiO3 films by TEM 77
3.1 Identification of the terminations of epitaxial ferroelectric thin films . . . 78
3.1.1 Nb:SrTiO3/ SrRuO3/ BaTiO3/ Pt heterostructure . . . . . . . . . 78
4 Contents
3.1.2 Nb:SrTiO3/ BaTiO3 / SrRuO3 heterostructure . . . . . . . . . . . 81
3.1.3 Nb:SrTiO3/ SrRuO3/ BaTiO3/ SrRuO3 heterostructure . . . . . . 81
3.1.4 in-situ and ex-situ deposition of SrRuO3 on the BaTiO3 layer . . 83
3.1.5 Nb:SrTiO3/ SrRuO3/ BaTiO3/ SrRuO3 heterostructure . . . . . . 88
3.2 Ferroelectricity of the compressively strained ultrathin BaTiO3 film . . . 90
3.2.1 Tetragonal distortion and atomic displacements in the ultrathin
BTO film strained by STO . . . . . . . . . . . . . . . . . . . . . . 91
3.2.2 Crystal field splitting effect on the Ti-L23 edge . . . . . . . . . . . 98
3.3 Modelling of ELNES on the Ti-L23 and O-K edge using FEFF 8.5 . . . . 103
4 Core-shell structure of Dysprosium-doped BaTiO3 ceramics 113
Conclusions 127
Acknowledgements 133
Appendices 149
List of Figures 5
List of Figures
1.1.1 Spherical aberration: electron ray diagram and corresponding wave aber-
rations. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 24
1.1.2 Chromatic aberration: the variation of the electron energy results in the
change of the focal length. The electrons with energy loses are more
influenced by electromagnetic fields and therefore overfocused. . . . . . . 25
1.1.3 (a) Schematic illustration of the phase contrast mechanism within WPOA
and (b) the phase contrast transfer function (2piχ(q)) at the Scherzer’s
defocus for the TEM without aberration corrector (200 kV, λ = 2.5 pm,
∆f = -64 nm and Cs = 1.230 mm). . . . . . . . . . . . . . . . . . . . . 28
1.1.4 (a) Schematic illustration of the electrostatic hexapole and (b) the double
hexapole corrector with the transfer doublets [14]. . . . . . . . . . . . . . 31
1.1.5 (a) Schematic illustration of the phase contrast mechanism within WPOA
and (b) the phase contrast transfer function (2piχ(q)) for NCSI (200 kV,
λ = 2.5 pm, ∆f = 11 nm and Cs = -0.037 mm). . . . . . . . . . . . . . 32
1.1.6 An experimental HRTEM image of STO projected along the [110] direction
using NCSI (Cs = −17.7µm with a small overfocus). . . . . . . . . . . . 34
1.2.1 Schematic overview of the STEM mode with the annular dark field (ADF)
detector . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 35
1.2.2 Comparison of the squared probe function profiles with and without aber-
ration corrector. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 38
1.2.3 HAADF image of the heterostructure (Nb:STO/ BTO/ SRO) with atomic
resolution. The atomic column positions are indicated by different colours. 39
6 List of Figures
1.3.1 Schematic diagram of signals emerging from the interaction of electrons
in the thin specimen. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 41
1.3.2 Schematic diagram of (a) the inelastic scattering event and the x-ray
emission in the Bohr atomic model and (b) a wavevector diagram with
energy levels in the case of the inelastic scattering. . . . . . . . . . . . . 42
1.3.3 Schematic diagram of the magnetic prism. A homogeneous magnetic field
(B) is applied perpendicular to the electron travelling direction. . . . . . 43
1.3.4 Experimental EEL spectrum showing the Ti-edge in about 460 eV. The
low loss region (zero loss and plasmon peaks) extends about 0 to 50 eV,
followed by the core loss region up to 2000 eV (the ionisation edge). . . . 44
1.3.5 Schematic diagram of core loss ionisation within the band structure model
and the correlation with an EEL spectrum. . . . . . . . . . . . . . . . . 45
1.3.6 StripeSTEM measurement of the SrRuO3/ BaTiO3/ SrRuO3 heterostruc-
ture. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 52
1.3.7 Core-loss signals extracting from the spectrum-stack image. . . . . . . . 52
1.3.8 Gatan Tridiem energy-filtering spectrometer (model 863) taken from [25]. 54
1.3.9 A schematic of Ω filter from Zeiss company. It is taken from [58]. . . . . 55
1.3.10 The energy-selecting slit positions with the slit width (∆) to obtain energy
filtered images . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 56
1.3.11 Energy filtering imaging . . . . . . . . . . . . . . . . . . . . . . . . . . . 58
1.3.12 (a) d orbitals in octahedral crystal field and (b) crystal field splitting effect. 59
1.4.1 Comparison of the specimen quality in the HRTEM images during the
post-thinning procedure using the Gatan dual ion mill device. . . . . . . 64
1.4.2 A measurement of the relative thickness as a function of post-thinning time. 65
1.4.3 Comparison of the depth of Ga ion damage at 30 kV, 5kV and 2 kV. . . 66
1.4.4 Comparison of the Ga trajectory for Si at 30 kV, 5kV and 2 kV. The angle
of incidence of Ga ion is fixed at 5 degree. . . . . . . . . . . . . . . . . . 67
1.4.5 The TEM micrograph for the cross-sectional FIB lamellae of the ferro-
electric heterostructure prepared by the low-kV milling method in FIB
(Barton, FEI). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 68
List of Figures 7
1.4.6 HRTEM images for the cross-sectional FIB lamellae of the ferroelectric
heterostructure post-thinned by Fischione Nanomilling. . . . . . . . . . . 69
2.1.1 The atomic structures of BTO in the cubic phase at high temperature
(paraelectric) and tetragonal phase at room temperature (ferroelectric). . 72
2.1.2 Hysteresis of the polarisation as a function of the electric field E for ferro-
electric materials. The polarisation can be reversed by applying an electric
field amplitude E > Ec [73]. . . . . . . . . . . . . . . . . . . . . . . . . . 72
2.1.3 Screening of polarisation charges in the ferroelectric thin film capacitor. . 73
3.1.1 HRTEM images of the Nb:STO/ SRO/ BTO/ Pt heterostructure . . . . 79
3.1.2 The HAADF image of the Nb:STO/ SRO/ BTO/ Pt heterostructure . . 80
3.1.3 The HAADF image of the Nb:STO/ BTO (5 unit cells)/ SRO heterostruc-
ture grown by PLD. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 82
3.1.4 HAADF image of the Nb:STO/ SRO/ BTO/ SRO heterostructure . . . 84
3.1.5 Overview HAADF image of the Nb:STO/ SRO/ BTO/ SRO heterostruc-
ture projected along the [-110] direction. . . . . . . . . . . . . . . . . . . 85
3.1.6 The surface morphologies of the Nb:STO/ BTO/ SRO heterostructures
imaged by AFM. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 86
3.1.7 HAADF image of the in-situ deposited top electrode consisting of a SRO
layer on the BTO layer. At the top interface, the coexistence of TiO2 and
RuO2 is observed. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 87
3.1.8 HAADF image of the ex-situ deposited top electrode of the SRO layer on
the BTO layer. At the top interface . . . . . . . . . . . . . . . . . . . . 88
3.1.9 HAADF image of the Nb:STO/ SRO/ BTO/ SRO heterostructure. An
atomically sharp interface is not observed between the STO substrate and
the SRO bottom electrode . . . . . . . . . . . . . . . . . . . . . . . . . . 89
3.2.1 (a-c) HAADF images at different frame time and (d) displacements of
frame images along the x and y direction as a function of the recording
time. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 93
8 List of Figures
3.2.2 The drift-corrected HAADF image of the STO/ BTO/ BRO/ SRO het-
erostructure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 94
3.2.3 The quantitative in-plane (red) and out-of-plane (black) lattice spacing
analysis of the HAADF image shown in Figure 3.2.2. . . . . . . . . . . . 95
3.2.4 The quantitative in-plane (red) and out-of-plane (black) lattice spacing
analysis of the heterostructure and the off-centre displacement of the B-
site cations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 96
3.2.5 Quantitative intensity analysis of the HAADF image shown in Figure 3.2.2. 97
3.2.6 StripeSTEM. Top: the EELS stacks showing the Ti-L23 and O-K edges,
bottom: the corresponding HAADF image. . . . . . . . . . . . . . . . . 100
3.2.7 (a) Schematic structure model along the [010] direction of BTO (tetrago-
nal, ferroelectric) and STO (cubic, paraelectric). (b) Comparison of Ti-L23
edges for STO, BTO (bulk) and BTO (thin film, 7 unit cells). . . . . . . 101
3.3.1 Comparison of the Ti-L23 edges and O-K edges between the STO substrate
and the BTO thin film . . . . . . . . . . . . . . . . . . . . . . . . . . . . 104
3.3.2 Comparison of O-K edges in bulk STO and the BTO thin film. . . . . . 106
3.3.3 The shell by shell calculation of the O-K edge in STO . . . . . . . . . . 107
3.3.4 LDOS calculation of Oxygen and Strontium in STO. . . . . . . . . . . . 108
3.3.5 Shell by shell calculation of the O-K edge in BTO . . . . . . . . . . . . . 109
3.3.6 LDOS calculation of oxygen and barium in BTO. . . . . . . . . . . . . . 110
3.3.7 The calculated ELNES of the Ti-L23 edge for bulk STO using FEFF 8.5. 112
4.0.1 (a) HAADF image and (b) Dy profile from the EDS line scan. . . . . . . 116
4.0.2 Comparison of energy dispersive (EDX) spectra at the core and shell region.117
4.0.3 (a) The HAADF image of the core-shell structure, (b) EEL spectra for
core (blue) and shell (green) region of BTO. The spectra are aligned at
the Ti-L3 edge . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 118
4.0.4 (a) A bright field image and (b) a relative thickness map (t/λ) of the
MLCC capacitor based on BTO . . . . . . . . . . . . . . . . . . . . . . . 120
4.0.5 Elemental map images for (a) Ti-L23, (b) Ba-M45, (c) Dy-M45, and (d)
O-K edge of the BTO ceramic. . . . . . . . . . . . . . . . . . . . . . . . 123
List of Figures 9
4.0.6 The Jump-ratio maps for (a) Ti-L23, (b) Ba-M45, (c) Dy-M45, and (d) O-K
edge of the BTO ceramic. . . . . . . . . . . . . . . . . . . . . . . . . . . 125
10 List of Figures
List of Tables 11
List of Tables
1.1 Electron wavelengths as a function of accelerating voltages . . . . . . . . 23
4.1 Additives with probable valencies and the effective concentrations mea-
sured by ICP-MS. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 115
4.2 Experimental parameters for the acquisition of elemental and jump-ratio
maps. The positions of pre- and post-edges and the energy window widths
are determined by observing the experimental EEL spectra prior to the
acquisition of elemental and jump-ratio maps. . . . . . . . . . . . . . . . 121
12 List of Tables
Abstract 13
Abstract
Ferroelectric barium titanate thin films can be used for non-volatile memories. Although
below the critical thickness the ferroelectric polarisation is suppressed, many theoretical
calculations predicted an enhancement of ferroelectricity in BaTiO3 (BTO) thin films
with a compressive strain and proper termination. Despite these evidences based on
theoretical calculations, the corresponding experimental results are still missing.
An aberration-corrected transmission electron microscope gives access to structural
and chemical information of materials on the atomic scale. High-angle annular dark field
(HAADF) imaging allows to directly observe the atomic structures with Z-contrast. To
study and optimise the terminations of the ferroelectric thin films, HAADF imaging was
applied for various epitaxially grown heterostructures.
However, owing to a relatively long acquisition time, which is required to obtain a
sufficient signal-to-noise ratio, sample and probe drifts are unavoidable and the precise
atomic column positions cannot be obtained. Thus, a different approach in HAADF
imaging is suggested to reduce inevitable artefacts caused by drift. The suggested drift-
corrected HAADF imaging technique allows a precise determination of the atomic column
positions with significantly reduced drift. The positions of the Ti atomic columns and the
structural deformation were quantitatively analysed in the ferroelectric heterostructure
at the atomic level.
StripeSTEM was applied to observe a variation of the fine structures on the Ti-L23
and O-K edges. To reach a deeper understanding of the fine structures, the corresponding
fine structures were calculated based on real space multiple scattering theory.
BaTiO3 ceramics are also commonly used in multilayer ceramic capacitors to increase
capacitance. In spite of the relatively high permittivity of BTO, its permittivity varies in
14 Abstract
a non-linear manner with temperature and shows a rapid increase in the vicinity of the
ferroelectric transition temperatures. To produce temperature stable capacitors, BTO
ceramics are doped by rare-earth elements together with various additives. By doping
with Dysprosium (Dy), the permittivity is flattened over a wide range of temperatures
and some significant improvements for capacitor applications are obtained. Since these
improvements are directly linked with the microstructure, an investigation on the doping
behaviour of Dy in BTO ceramics was performed using transmission electron microscopy
(TEM).
Energy filtering transmission electron microscopy (EFTEM) was mainly applied to
reveal the spatial distribution of Dy and the incorporation of Dy into the perovskite
structure of BTO. In addition, energy dispersive X-ray (EDX) spectroscopy and electron
energy-loss spectroscopy (EELS) are performed to obtain the local chemical information
of Dy-doped BTO.
Drift-corrected HAADF imaging and StripeSTEM showed the presence of ferroelec-
tricity in the compressively strained 2.8 nm thick BTO thin film with a proper termina-
tion. EFTEM revealed the core-shell structure of the Dy-doped BTO ceramic.
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Kurzfassung
Ferroelektrische Bariumtitanat-Du¨nnschichten ko¨nnen fu¨r nichtflu¨chtige Arbeitsspeicher
benutzt werden. Obwohl die ferroelektrische Polarisation unter der kritischen Dicke ver-
schwindet, sagten theoretische Berechnungen die Versta¨rkung der Ferroelektrizita¨t anges-
pannter Bariumtitanat-Du¨nnschichten mit einer geeigneten Terminierung voraus. Fu¨r
diese theoretischen Berechnungen noch fehlen die dementsprechenden experimentellen
Beweise.
Das aberrations-korrigierte Transmissionselektronenmikroskop ermo¨glicht den Zugang
zu strukturellen und chemischen Informationen u¨ber Materialien auf atomarer Skala. Die
High-Angle Annular Dark field (HAADF)-Abbildungstechnik erlaubt, die atomare Struk-
turen mit dem Z-Kontrast zu untersuchen. Um die Terminierung der ferroelektrischen
Du¨nnschichten zu untersuchen und zu optimieren, wurde die HAADF - Abbildungstech-
nik auf epitaktisch gewachsenen Heterostrukturen angewendet.
Allerdings ist ein Drift der Probe und Strahl unvermeidlich, aufgrund der relativ lan-
gen Erfassungszeit, die erforderlich ist, um das ausreichende Signal-zu-Rauschen-Verha¨ltnis
zu erhalten. Daher ko¨nnen die pra¨zise Positionen der Atomsa¨ulen nicht gemessen werden.
Deshalb wurde eine andere Methode der HAADF-Abbildungstechnik vorgeschlagen, um
die durch Drift erzeugten Artefakte zu reduzieren. Die vorgeschlagene drift-korrigierte
HAADF-Abbildungstechnik erlaubt, die pra¨zisen Positionen der Atomsa¨ulen mit erhe-
blich reduzierter Drift zu erhalten. Durch diese Technik ko¨nnen die Positionen der Ti-
Atomsa¨ulen und die strukturellen Verzerrungen in den ferroelektrischen Heterostrukturen
auf atomarer Skala quantitativ analysiert werden.
StripeSTEM wurde fu¨r die Analyse der Feinstrukturen der Ti-L23 und O-K Kanten
angewendet. Um ein tieferes Versta¨ndnis der Feinstrukturen zu erreichen, wurden die
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dementsprechenden Feinstrukturen mit der real space multiple scattering (RSMS) Theorie
berechnet.
Die BaTiO3-Keramik wird auch ha¨ufig fu¨r die Erho¨hung der Kapazita¨t in Keramik-
vielschicht - Chipkondensatoren verwendet. Trotz der relativ hohen Permittivita¨t von
BTO, variiert die Permittivita¨t in nichtlinearer Weise mit der Temperatur und zeigt
einen raschen Anstieg in der Na¨he der ferroelektrischen U¨bergangstemperatur. Um tem-
peraturstabile Kondensatoren zu produzieren, wird die BTO-Keramik mit Seltenerdele-
menten und verschiedenen Additiven dotiert. Durch die Dotierung mit Dy wird der
Verlauf der Dielektrizita¨tskonstante u¨ber einen weiten Temperaturbereich abgeflacht und
wesentliche Verbesserungen fu¨r Kondensatoranwendungen ko¨nnen erhalten werden. Da
diese Verbesserungen direkt mit der Mikrostruktur verbunden sind, wurde das Dotierungs-
verhalten von Dy in der BTO-Keramik mittels Transmissionselektronenmikroskopie (TEM)
untersucht.
Die energiegefilterte Transmissionselektronenmikroskopie (EFTEM) wurde hauptsa¨chl-
ich verwendet, um die ra¨umliche Verteilung von Dy und den Einbau von Dy in die
Perowskit-Struktur von BTO zeigen. Zusa¨tzlich wurden energiedispersive Ro¨ntgenspektro-
skopie (EDX) und Elektronenenergieverlustspektroskopie (EELS) durchgefu¨hrt, um lokale
chemische Informationen u¨ber das Dy-dotierte BTO zu erhalten.
Die drift-korrigierte HAADF-Abbildungstechnik und StripeSTEM bewiesen die Ex-
istenz der Ferroelektrizita¨t in der angespannten 2,8 nm dicken BTO-Du¨nnschicht bei
geeigneter Terminierung. EFTEM zeigte die Kern-Schale Struktur der Dy-dotierten
BTO-Keramik.
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Introduction
After the stimulation by the famous talk of Feynman [1], over decades nanotechnology has
widely spread in the scientific and industrial fields. Nanotechnology involves manipulation
of materials at the nanometre level. As devices are made smaller, novel functionalities
can be generated, but unexpected behaviours also often occur. To understand these
functions and problems and to find appropriate solutions in nanotechnology, we should
access information on the applied materials below the nanometre level. This translates
into the observation of the atomic arrangements. Moreover, the direct observation of
atomic arrangements is of importance to optimise existing devices and materials.
Ferroelectric materials are attractive candidates for non-volatile data storage in fer-
roelectric random access memory (FeRAM) devices. Ferroelectric materials show the
spontaneous polarisation which can be reversed by an applied electric field. The oppo-
site directions of ferroelectric polarisation represent the two logic states and are used to
store the digital information. Due to the existence of the remanent polarisation with no
electric filed, the direction of ferroelectric polarization is preserved, i.e. the stored digital
information remains unchanged (non-volatile data storage).
Thin film structures are a prerequisite for high density storage with nanoscale device
applications. However, ferroelectric thin films exhibit a reduction in the spontaneous
polarisation with a decrease of the film thickness . Below the superparaelectric limit, no
more stable polarisation is observed. In such a thin film structure, the interface effects
on the ferroelectric properties are predominant. Therefore, interfaces can be properly
tailored to improve the ferroelectric properties in the ultrathin film structures, .
Transmission electron microscopy (TEM) provides structural and chemical informa-
tion on materials at the atomic level. High resolution transmission electron microscopy
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(HRTEM) makes it possible to obtain the precise atomic column positions. In scanning
TEM (STEM), high angle annular dark field (HAADF) imaging enables a precise deter-
mination of the atomic column positions with chemically sensitive contrast. The contrast
in the HAADF images shows direct sensitivity to the atomic number (Z) and is therefore
also known as Z-contrast.
In addition to imaging in TEM, spectroscopy is also available for chemical analy-
sis. Energy dispersive X-ray (EDX) spectroscopy and electron energy-loss spectroscopy
(EELS) are available in TEM. When the fast electron beam interacts with the specimen,
various signals are generated resulting from inelastic scattering processes. The generated
X-ray signal can be collected and its intensity versus energy can be plotted, which is
known as EDX spectroscopy. As an alternative, the energy-loss of the fast electron beam
can be analysed, because the energy-loss is equivalent to the sum of the binding energy
and the kinetic energy transferred to the core electrons in the inelastic scattering process.
The theoretical and practical principles of these techniques are explained in Chapter 1.
Although there are a lot of available techniques in TEM, the appropriate technique corre-
sponding to the aim of the experiment has to be selected properly and an understanding
of the principles of the techniques is mandatory.
One of the most important prerequisites for the characterisation of given material
using TEM is the specimen preparation. For TEM analysis, a reasonable thin specimen
with no damage is required. When the specimen is damaged during the preparation, the
information obtained as a result of TEM analysis may lead to a misinterpretation of the
properties of given materials. In this work, focused ion beam (FIB) milling is used to
prepare cross-sectional TEM specimens. However, FIB milling introduces unavoidable
artefacts, because high-energy Ga+ ions are used in the FIB. In Chapter 1, the FIB-
introduced artefacts are discussed in detail and the additional methods to avoid these
artefacts are suggested, showing results based on theoretical calculations and experimen-
tal evidences.
In Chapter 2, the fundamental ferroelectric properties of BaTiO3 is explained. In
particular, prominent problems in the ferroelectric thin film capacitors, such as the de-
polarisation field, the intrinsic surface effect, lattice strains induced by the mechanical
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boundary conditions, and their corresponding origins are discussed.
In Chapter 3, ferroelectric properties of ultrathin BaTiO3 films are mainly studied
using TEM in terms of interface structures, structural distortions, and atomic displace-
ments. The ultrathin ferroelectric heterostructures were grown by pulsed laser deposition
(PLD) with different deposition parameters and layer systems. HAADF imaging is ap-
plied to obtain information on lattice distortions and terminations at the interfaces of
the BTO thin films. The terminations of the epitaxially grown BTO thin films were
identified by the Z-contrast analysis. Moreover, a new acquisition technique is applied
to reduce the effect of sample drifts. The sequential frames were acquired with a short
acquisition time. Then the specimen drifts were frame by frame corrected and the drift
corrected frames are averaged out. This technique significantly reduced the image distor-
tion resulting from specimen drifts, while keeping reasonable signal to noise ratio. Thus,
this technique makes it possible to more precisely determine the atomic column positions.
To support the results obtained by HAADF imaging, StripeSTEM was additionally per-
formed and the electronic structures related to ferroelectric properties were studied. The
fine structures on the Ti-L23 and O-K edges are calculated using the FEFF code based on
the real space multiple scattering theory and the experimental spectra were interpreted
with respect to the calculated spectra.
In Chapter 4, Disprosium (Dy)-doped BTO ceramics are studied by TEM. Dysprosium
is a promising dopant to improve a temperature dependency of the permitivity of BTO
ceramics and the life time of capacitors. Energy filtering transmission electron microscopy
(EFTEM) was applied to obtain spatial distribution of Dy with respect to BTO. In
addition, EELS gives an insight into chemical composition of Dy-doped BTO ceramics.
In this study, to directly observe the ferroelectric polarisation, a displacement of the
Ti ions along the [001] axis and the structural distortions were studied at the atomic level
using TEM. The electronic structures associated with ferroelectricity were also investi-
gated at the unit cell level. These direct observations of the atomic column positions and
the corresponding electronic structures allows to assess the existence of the ferroelectric-
ity in the BTO thin film. In addition, the doping behaviour of Dy in BTO ceramics were
investigated using EFTEM, due to its reasonable energy and spatial resolution.
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Chapter 1
Transmission electron microscopy
A transmission electron microscope (TEM) is a versatile instrument which provides struc-
tural and chemical information about given materials at the atomic level. An electron
beam illuminates a thin specimen and passes through it, stimulating various interactions.
Images can be formed as a result of the elastic interaction of the electron beam with
the specimen. To achieve atomic resolution imaging in TEM, two techniques can be
applied: The most widely used technique is high resolution transmission electron mi-
croscopy (HRTEM) in the normal TEM imaging mode. An alternative approach is high
angle annular dark field (HAADF) imaging in the STEM mode. Both techniques have
strong and weak points owing to the difference in the mechanism of the image forma-
tion. For a reasonable choice between HRTEM and HAADF imaging, it is mandatory to
understand how the contrast arises in the resulting images. Therefore, the principles of
HRTEM and HAADF STEM imaging will be explained in Section 1.1 and 1.2.
Besides the imaging techniques, electron energy loss spectroscopy (EELS) is a promis-
ing technique to obtain information on the electronic and chemical properties of materials.
In Section 1.3, the basic principle of EELS is accounted for and modelling of energy-loss
near edge structures (ELNES) based on real space multiple scattering (RSMS) theory is
discussed in detail.
In Section 1.4, the cross-sectional TEM sample preparation technique using FIB
milling is explained and possible artefacts during the sample preparation are discussed.
In order to reduce these artefacts, possible solutions are introduced and the experimental
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results obtained using these techniques are presented.
1.1 High resolution transmission electron microscopy
For the optimisation of novel devices in nanotechnology, an access to detailed information
below the nanometre scale is required. High resolution transmission electron microscopy
(HRTEM) gives an access to such structural information using the phase contrast re-
sulting from interference between the primary and diffracted electron waves. HRTEM
imaging enables a study of the structural properties of materials on the atomic scale.
Prior to a detailed explanation of HRTEM, the resolution limit of conventional TEM will
be briefly discussed in the following section.
1.1.1 Resolution limit of conventional TEM
The resolution of microscopes is, not taking into account lens aberrations, explained by
the Rayleigh criterion, in which the smallest resolvable distance (d) is approximately
given by
d =
0.61 · λ
µsinθ
, (1.1.1)
where λ is the wavelength of the incident beam, µ is the refractive index and θ is the
collection angle of the objective lens. In TEM, for a very small collection angle, sin θ ' θ,
and µ = 1. Therefore, equation 1.1.1 can be simplified, as given by
d = 0.61
λ
θ
. (1.1.2)
From equation 1.1.2, it is clear that a source with a smaller wavelength can be used
to obtain better spatial resolution. For the electron beam accelerated by 200 kV, the cor-
responding wavelength is about 0.00251 nm (see Table 1.1). In contrast, the wavelength
of visible light is in the range of about 400 to 700 nm. Thus, if a beam of electrons is
used as a source, a significant improvement in spatial resolution can be obtained.
For fast electron beams with an accelerating voltage V, neglecting relativistic terms,
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de Broglie’s equation accounts for the wave properties of electrons and the relationship
between the electron wavelength and the accelerating voltage of the electron microscope:
λ =
h
p
=
h√
2m0eV
, (1.1.3)
where λ is the wavelength of the electron beam, h is the Plank’s constant, and p is the
momentum, respectively.
When relativistic effects are considered, the wavelength of the electron beam is given
by
λ =
h√
2m0eV (1 +
eV
2m0c2
)
. (1.1.4)
The calculated wavelengths corresponding to the accelerating voltage are listed in
Table 1.1.
Table 1.1: Electron wavelengths as a function of accelerating voltages
Accelerating voltage (kV) non-relativistic λ (nm) relativistic λ (nm)
60 0.00501 0.00487
80 0.00434 0.00418
100 0.00388 0.00370
200 0.00274 0.00251
300 0.00224 0.00197
However, the poor quality of electromagnetic lenses additionally leads to a deteriora-
tion in resolution in TEM. The two most important lens aberrations are spherical and
chromatic aberrations. The schematic explanation of the spherical aberration is shown
in Figure 1.1.1. When a perfect lens is used (Figure 1.1.1 (a)), a point source (p) at the
object plane is focused into a single image point (p’) at the Gaussian image plane. In the
case of a normal lens with positive spherical aberration, rays at higher angle are over-
focused and the wavefronts are distorted accordingly (Figure 1.1.1 (b)). The spherical
aberration leads to an additional image blurring.
The next prominent aberration is the chromatic aberration which arises from the
variation of the electron energy. The lower energy electrons are bent more strongly and
overfocused by the objective lens. After the interaction of electrons in the specimen,
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Figure 1.1.1: Spherical aberration: electron ray diagram and corresponding wave
aberrations.
electrons can lose energy and they cannot be focused in the Gaussian image plane as
shown in Figure 1.1.2. As the effect of the spherical aberration, if the variation of the
electron energy is present, due to the chromatic aberration, the point object is imaged
as a disk in the Gaussian image plane.
By summing the radii of Rayleigh, spherical aberration, and chromatic aberration
disk in quadrature, the spatial resolution in TEM is given by
d =
√
d2diff + d
2
s + d
2
c =
√
(
λ
θ
)2 + (Csθ3)2 + (Cc
∆E
E
θ)2 (1.1.5)
Owing to the spherical and chromatic aberrations, uncorrected microscopes generally
operate at a maximum value of θ ' 10 mrad, reducing the theoretical resolution limit to
100 times the electron wavelength (λ), i. e. about d = 0.25 nm at 200 kV [2]. In contrast,
microscopes equipped with aberration correctors achieve up to θ ' 50 mrad, which results
in the resolution limit of about 20 times the electron wavelength (λ) (d = 0.05 nm at
200 kV) [3–9]. Compared to uncorrected microscopes, the resolution improvement by a
factor of five can be achieved via aberration correction.
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Figure 1.1.2: Chromatic aberration: the variation of the electron energy results in
the change of the focal length. The electrons with energy loses are more influenced by
electromagnetic fields and therefore overfocused.
1.1.2 The principles of high resolution transmission electron mi-
croscopy
In the HRTEM technique, contrast arises from the phase difference between transmitted
and diffracted electron beams as a result of coherent elastic scattering. The spherical
aberration parameter and the defocus value of the objective lens contribute to the re-
sulting phase contrast in TEM. In this section, the fundamental resolution limit and the
phase contrast mechanism are explained in this imaging mode. Furthermore, the con-
cept of the double-hexapole aberration corrector and the negative Cs imaging (NCSI)
techniques are explained.
Resolution in HRTEM
When a crystalline specimen is illuminated by an electron plane wave with an incident
wavevector k0, the wave function ψ(r) is given by
ψ(r) = exp(2piik0 · r). (1.1.6)
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If the electron wave passes through the thin specimen with the interatomic potential
U(r), the scattered wavevector ψ(q) is defined by piiλU(q). The electron wave function
in the exit plane is then simply written as Fourier integral:
ψ(r) =
∫
ψ(q) · exp(2piiq · r)dq, (1.1.7)
where q is the reciprocal vector, representing the spatial frequency and r is the gen-
eral position vector. Equation 1.1.7 shows that the exit-plane wave function consists of
amplitude and phase components. The exit-wave function carries all information on the
specimen, but does not fully represent the three dimensional structure of the specimen.
In TEM, this exit-wave function becomes the object of the objective lens and the in-
tensity in the Gaussian image plane is proportional to the probability density of electrons,
which is the absolute square of the wave function:
I(r) ∝ |ψ|2 ∝ ψ∗ψ. (1.1.8)
However, as the exit-wave function passes through the objective lens, it suffers from
lens aberrations caused by imperfections of the electromagnetic lens. Considering these
lens aberrations, the wave function in the image plane has to be modified with the phase
factor, while inducing an additional phase shift of the exit-plane wavefunction. Thus, the
Fourier component of ψ(q) can be multiplied by the phase factor:
ψim(q) = ψ(q) · exp(−2piiχ(q)), (1.1.9)
where χ(q) is referred to as the phase transfer function. The phase transfer function
χ(q) can be approximated by using two important terms which correspond to the spherical
aberration and the defocus parameters:
χ(q) =
1
2
∆fλq2 +
1
4
Csλ
3q4 + · · ·, (1.1.10)
where ∆f is the defocus parameter, Cs is the spherical aberration parameter and λ
and q represent the electron wave length and the spatial frequency, respectively.
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These lens aberrations give rise to a blurred image in the image plane. Therefore, a
point object cannot be focused as a sharp point in the Gaussian image plane, a point
spread disc is rather imaged. The radius of the point spread function (R) is given by
R = |∂χ
∂q
|max = |∆fλq + Csλ3q3 + · · ·|max. (1.1.11)
From equation 1.1.11, it can be seen that the radius of the point spread function
strongly depends on the spherical aberration term (Csλ
3q3). Thus, a significant im-
provement of the spatial resolution can be achieved with the correction of the spherical
aberration of the objective lens.
Phase contrast
If the incident wave ψ0 passes through the specimen with a thickness of t, within the
weak-phase object approximation (WPOA), the exit-plane wave function ψ(r) in the
object plane is given by
ψ(r) = ψ0 + piiλU(r)t, (1.1.12)
with the electron wave length λ and the projected electrostatic potential U(r) defined
by U = 2meV/h2, where V , m and h denote the Coulomb potential, the electron mass
and the Planck constant, respectively.
Because the electrostatic potential is much smaller compared to the accelerating po-
tential of fast electrons, the change in the electron wavelength is negligible. If the elec-
tromagnetic lens is perfect with no aberration, the wave function in the image plane is
the same as the exit-plane wave function, i.e. ψ(r) = ψ′(r). As a result of the quantum
mechanical nature of the interaction of the primary electron beam with the Coulomb
potential of the atoms in the specimen, the inherent phase shift of the scattered wave is
−pi
2
with respect to the incident wave. Therefore, piiλU(r) represents the imaginary part,
as shown in Figure 1.1.3 (a). Accordingly, the resulting intensity in the image plane is
given by
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Figure 1.1.3: (a) Schematic illustration of the phase contrast mechanism within
WPOA and (b) the phase contrast transfer function (2piχ(q)) at the Scherzer’s de-
focus for the TEM without aberration corrector (200 kV, λ = 2.5 pm, ∆f = -64 nm
and Cs = 1.230 mm).
I(r) = |ψ′(r)|2 = |ψ0|2 ≈ 1 = constant. (1.1.13)
From equation 1.1.13, it is obvious that the constant intensity appears in the image
plane, leading to no image contrast in this condition.
Zernike [10, 11] introduced the method of phase contrast in light microscope. In this
method, the phase of the scattered wavevector is additionally shifted by ±pi
2
using a λ
4
phase plate. To adapt this method in TEM, Scherzer [2] calculated the optimum imaging
condition for weakly scattering phase objects.
Figure 1.1.3 (a) shows a schematic explanation of the phase contrast mechanism in
HRTEM. The wavevector can be decomposed into the incident wavevector (ψ0) along the
real axis and the diffracted wavevector (ψs) along the imaginary axis in the Gaussian
image plane. If the phase shift of −pi
2
is additionally induced to the scattered wave, the
direction of the scattered wave ψs is now opposite to the incident wave ψ0 along the real
axis and the resulting wavevector ψ′ becomes shorter than the incident wavevector ψ0.
Thereby, the resulting wavevector ψ′ becomes
ψ′(r) = ψ0 − piλU(r)t. (1.1.14)
Then, the resulting intensity in the image plane is given by
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I(r) = |ψ′(r)|2 = ψ20 − 2piψ0λU(r)t+ (piλU(r)t)2. (1.1.15)
Comparing the intensities of ψ′ and ψ0,
|ψ′|2 < |ψ0|2 (1.1.16)
Accordingly, it is obvious that the atomic columns appear dark on a bright background
contrast in this imaging mode.
Unlike the case in light microscopes, a specific defocus parameter and the lens aber-
rations are utilised to apply an additional phase shift to the scattered wave in HRTEM.
Scherzer’s optimum lens defocus [2] is given by
∆f =
√
4
3
Csλ, (1.1.17)
where Cs is the third-order spherical aberration parameter.
In an uncorrected TEM, a typical Cs parameter is about 1.23 mm at 200 kV. From
equation 1.1.17, the Scherzer’s optimum defocus is calculated to be -64 nm. The corre-
sponding phase contrast transfer function (CTF) at the Scherzer’s defocus is shown in
Figure 1.1.3 (b). The CTF is defined by 2piχ(q) and shows the object transfer as a func-
tion of the scattering vector q. At this Scherzer’s defocus, it is seen that the passband
extends from 1 nm−1 to 4 nm−1 in the CTF. Beyond 4 nm−1, rapid oscillations appear,
indicating large phase change.
The double hexapole corrector
In TEM, electromagnetic lenses are used to focus electrons and magnify the resulting
images. A single object point is focused in an unblurred image point at the image plane
provided that a perfect lens system without aberrations is used. However, electromagnetic
lenses are far from perfect, suffering from painful lens aberrations (see Section 1.1.1).
In the light optical microscope, a combination of converging and diverging lenses can
be used to correct complex residual lens aberrations. The resulting aberration correction
allows the use of a collection angle of up to θ ' 1 rad. According to the Rayleigh criterion
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(equation 1.1.1), a spatial resolution which is somewhat smaller than the wavelength λ of
the light source is feasible. Whereas lens aberrations of glass lenses can now be routinely
corrected almost perfectly, for electromagnetic lenses the elimination or correction of
aberrations had for a long time thought be impossible. Scherzer [12] stated that the
spherical aberration of a round electromagnetic lens is always positive and the correction
of the spherical aberration is impossible, since no diverging round electromagnetic lenses
exist. As explained in Section 1.1.1, the critical lens aberrations of electromagnetic lenses
are spherical and chromatic aberrations, which result in the resolution of just about 100 ×
the wavelength λ of the electron beam.
However, Scherzer [13] also suggested the possible use of a multipole lens system
to correct the spherical and chromatic aberrations of an electromagnetic lens. Despite
various attempts from scientific groups, a practical application of a multipole lens system
for the aberration correction failed due to the requirements of extreme electronic and
mechanical stabilities. In the early 90s, Rose [14] suggested the concept of a double
hexapole corrector in a joint project on the correction of a medium-voltage transmission
electron microscope. As a result of the joint project, Haider et al. [15] built a functional
corrector and demonstrated the first real atomic resolution image of the interface of CoSi2
epitaxially grown on Si. The project was based on using a standard 200 kV Philips CM20
ST which was equipped with the newly built spherical aberration corrector. Furthermore,
Urban [4] demonstrated for the first time oxygen atomic columns images by applying
negative Cs imaging (NCSI).
Figure 1.1.4 (a) shows a schematic illustration of an electrostatic hexapole. The
red arrows indicate the force direction in the hexapole field. The force resulting from
the hexapole field is proportional to the square of the distance of electrons from the
optic axis and the corresponding direction of the force changes its sign every 60 angular
degrees. Therefore, electrons passing the hexapole field experience a primary three-fold
deformation of second order. In addition, in a thick hexapole an additional rotationally
symmetric divergent deformation of third order arises due to the non-linear force and this
divergent deformation gives rise to a negative spherical aberration at the image plane [14].
Thus, hexapoles can compensate for the spherical aberration of the electromagnetic round
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(a)
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Figure 1.1.4: (a) Schematic illustration of the electrostatic hexapole and (b) the
double hexapole corrector with the transfer doublets [14].
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Figure 1.1.5: (a) Schematic illustration of the phase contrast mechanism within
WPOA and (b) the phase contrast transfer function (2piχ(q)) for NCSI (200 kV, λ
= 2.5 pm, ∆f = 11 nm and Cs = -0.037 mm).
lenses, if only the primary three-fold astigmatism can be corrected.
In order to correct the spherical aberration of round lenses, while overcoming the ob-
stacle of three-fold astigmatism, Rose [14] suggested the concept of the double hexapole
corrector, consisting of two identical hexapole lenses and transfer doublets (Figure 1.1.4 (b)).
The first hexapole lens produces a rotationally symmetric divergent deformation of third
order with a primary second order three-fold astigmatism. The transfer doublet induces
a point inversion between two hexapole planes. Due to the induced point inversion, at
the second hexapole plane, all second order path deviations completely cancel out. Ac-
cordingly, the rotationally symmetric third order path deviations add up and the perfect
compensation of the spherical aberration is accomplished without three-fold aberration.
In addition, the coma-free arrangement of the hexapole corrector is optically realised by
means of another transfer doublet.
Negative Cs imaging
As explained above, the double-hexapole corrector can be used to perfectly correct the
spherical aberration of the round electromagnetic lenses. Moreover, in order to exploit
the optimum phase contrast for imaging, this corrector can also be used to tune the
spherical aberration parameter (Cs).
As shown Figure 1.1.5 (a), if an additional phase shift of +pi
2
is applied to the scattered
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wave, the wave function in the image plane becomes
ψ′(r) = ψ0 + piλU(r)t. (1.1.18)
Then, the image intensity is given by
I(r) = |ψ′(r)|2 = ψ20 + 2piψ0λU(r)t+ (piλU(r)t)2. (1.1.19)
In contrast to the case shown in Figure 1.1.3 (a), because of an induced phase shift of
+pi
2
, the resulting scattered wave ψs holds the same direction as the incident wave ψ0 along
the real axis. Thus, as shown in equation 1.1.19, the linear and quadratic contribution
of the interaction with the sample potential to the image intensity have the same signs,
leading to a positive contribution in the contrast modulation.
Therefore, a comparison of the intensities of ψ′ with ψ0 is given by
|ψ′|2 > |ψ0|2 (1.1.20)
According to equation 1.1.20, it is clear that the atomic columns appear bright on
a dark background in the image obtained under this imaging condition. From equa-
tion 1.1.10, it can be seen that a negative sign of χ(q) can only be achieved, if a slightly
negative Cs is chosen. Furthermore, with a suitable choice of a slightly positive focus
(overfocus), the imaging conditions can be chosen in such a way that all the atomic
columns can be imaged with bright contrast on a dark background. This imaging mode
is called Negative Cs Imaging (NCSI) [16] and the corresponding CTF is shown in Fig-
ure 1.1.5 (b). Unlike the CTF in a uncorrected microscope (Figure 1.1.3 (a)), the CTF in
NCSI extends towards the information limit, showing no rapid oscillations and exhibits
positive values throughout the extended passband.
Figure 1.1.6 shows an experimental HRTEM image of STO projected along the [110]
direction using NCSI. By applying NCSI, All the Sr, Ti and O atomic columns can be
imaged with bright contrast on a dark background. In this image, light oxygen atomic
columns are clearly visible with strong contrast. The smallest distance of 0.138 nm be-
tween Ti and O along the [-110] direction is clearly resolved. Due to this enhanced contrast
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Figure 1.1.6: An experimental HRTEM image of STO projected along the [110]
direction using NCSI (Cs = −17.7µm with a small overfocus).
with NCSI, individual precise atomic columns and even the local oxygen occupancy can
be obtained [17].
1.2 High angle annular dark field imaging in STEM
A scanning transmission electron microscope (STEM) is analogous to a scanning electron
microscope (SEM), in which the objective lens focuses an electron beam on the specimen.
This focused electron beam is usually referred to as the electron probe which scans across
the specimen in a raster fashion. In a normal SEM, a bulk specimen is examined. On
the contrary, in STEM, an electron-transparent specimen is used to detect transmitted
electrons.
Crewe et al. [18] demonstrated the improvement of STEM imaging using a field emis-
sion electron gun. Crewe, Wall, and Langmore [19] also introduced the use of the annular
dark field (ADF) detector which allows unscattered and small angle inelastically scattered
electrons to pass through the detector. In their work, an ADF detector with an inner
radius of a few tens of mrad was used. Donald and Craven [20] pointed out that the
Chapter 1. Transmission electron microscopy 35
optic axis
annular dark field (ADF)detector
/ diffraction plane
FT
specimen
probe-forming lens
aperture
incident electrons
x, y
z
Figure 1.2.1: Schematic overview of the STEM mode with the annular dark field
(ADF) detector located in the diffraction plane, capturing highly scattered electrons
and corresponding electron wave functions.
use of the ADF detector with such a small inner radius is inappropriate for the study of
crystalline specimens due to the incorporation of the coherently scattered Bragg beams
together with the incoherently scattered electrons. Treacy, Howie, and Wilson [21] and
Howie [22] proposed the use of a high angle annular dark field (HAADF) detector to re-
duce the contribution of the coherently scattered electrons to the image contrast, which
is then mainly formed by collecting the thermally diffuse scattered (TDS) electrons.
For HAADF imaging, the incoherent thermally diffuse scattered electrons are pre-
dominantly collected by an annular dark field detector with an inner radius of 75 - 150
mrad (Figure 1.2.1). Unlike coherent scattering, there is no preservation of the relative
phases between the incident and scattered waves in incoherent scattering. Therefore,
the interference of both waves does not lead to a contribution to the intensity of the
incoherent images and incoherent imaging involves no phase problem.
1.2.1 Image formation in STEM
Figure 1.2.1 shows a schematic diagram of the image formation process in the STEM
mode adn the corresponding theoretical description. A focused probe is calculated by
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integrating the phase transfer function of the probe-forming lens over the objective aper-
ture. The phase transfer function of the probe-forming lens is defined by exp[−iχ(~k)] and
the objective function is A(~k). When a focused probe is translated to a specific specimen
position by ~xp, the probe wave function with aberrations in the plane of the specimen
becomes [23, 24]:
ψp(~x, ~xp) =
∫
A(~k) · exp[−iχ(~k)] · exp[−2pii~k(~x− ~xp)]d2k (1.2.1)
where λkmax = αmax is the maximum convergence angle of the objective aperture and
A(~k) is defined by equation 1.2.2.
A(~k) =
 1 |k| ≤ kmax =
α
λ
0 else
(1.2.2)
The electron probe passes through the thin specimen and is modulated by the speci-
men transition function t(x). Then the transmitted wave function ψt(~x, ~xp) becomes:
ψt(~x, ~xp) = t(x) · ψp(~x, ~xp) (1.2.3)
Subsequently, the transmitted scattered electrons fall into the ADF detector located
in the diffraction plane. The transmitted wave function is therefore diffracted on the
detector plane, i.e. the Fourier transform of ψt(~x, ~xp) is the wave function on the detector
plane as shown in Figure 1.2.1.
ψ˜t(~k, ~xp) = FT [ψt(x, xp)] =
∫
exp(2piik · x)ψt(x, xp)d2x (1.2.4)
The intensity of the wave function on the detector is given by
I( ~xp) =
∫
D(~k′)|ψ˜t(~k′, ~xp)|2d2k′ (1.2.5)
where D(~k′) is the detector function in the diffraction plane
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D(~k′) =
 1 kDmin ≤ k ≤ kDmax0 else (1.2.6)
where λkDmin and λkDmax are the inner and outer angles of the ADF detector, re-
spectively.
The intensity in the ADF images is given by the convolution of the square of the
probe function and the object function:
I(~xp) = |ψp(~x, ~xp)|2 ⊗ |O(~x)|2 (1.2.7)
Thus, the ADF intensity emanating from the convolution of intensities instead of
amplitudes of wave functions cannot produce a contrast reversal with defocus variation.
1.2.2 Atomic resolution imaging with aberration correction
The spatial resolution in ADF images is limited by the point spread function of the focused
probe (1.2.1). Equation 1.2.1 shows a strong dependence on the phase transfer function
χ(~k). The phase transfer function describes the residual phase shifts resulting from
geometrical lens aberrations of a non-perfect lens system. The phase transfer function is
written as a series expansion (equation 1.1.10).
As explained in Section 1.1.1, the predominant aberration is the third-order spheri-
cal aberration and Scherzer demonstrated that the inherent spherical aberration of the
circular symmetric lenses can be corrected by a multipole lens system. The concept of
a double hexapole aberration corrector was introduced by Rose [14] and it is practically
realised through the joint project [15]. As in the TEM case, an aberration corrector for
the electron probe (the probe corrector) can be incorporated in modern microscopes and
enables a significant improvement of the spatial resolution in STEM.
In Figure 1.2.2, a comparison of the squared probe functions with a spherical aberra-
tion of 1.1 mm (uncorrected case) and 25 µm (corrected case) is shown. For the squared
probe function calculation defocus values of -53 nm and -8.1 nm are chosen, respectively.
The dotted blue line indicates the probe function without aberration corrector and the
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Figure 1.2.2: Comparison of the squared probe function profiles with and without
aberration corrector. An aberration corrector produces a much sharper probe profile
with a spherical aberration of 25 µm, showing a strong modulation beyond about 0.8 A˚.
In contrast, the probe profile without an aberration corrector shows a strong modulation
beyond about 2 A˚.
green one corresponds to the probe function with aberration corrector. The aberration
corrector makes the electron probe sharper, thus enhancing the current density of the
electron probe. According to the probe profile, the strong modulations beyond a spatial
resolution of about 0.8 A˚ are expected for the case with a spherical aberration of 25 µm.
In addition to the improvement of the spatial resolution in STEM, the probe cur-
rent density significantly increases and lager illumination angles can be used, when an
aberration corrector is used. These improvements are striking advantages for EELS in
aberration corrected STEM.
In practice, lens aberrations are measured and minimised by applying an automated
alignment software with a suitable sample. The state of the residual lens aberrations can
be qualitatively determined using the shadow image formed by the transmitted focused
beam on a thin amorphous area. This shadow image is usually referred to as a Ronchigram
which is a useful tool to directly correct the residual lens aberrations during STEM
investigations.
The double hexapole corrector makes it possible to reach the sub-angstrom resolution
in the STEM mode. An HAADF image of the ferroelectric heterostructure (Nb:STO/
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Figure 1.2.3: HAADF image of the heterostructure (Nb:STO/ BTO/ SRO) with
atomic resolution. The atomic column positions are indicated by different colours.
BTO/ SRO) along the [010] direction shown in Figure 1.2.3. This image is acquired in
an aberration-corrected FEI Titan 80-300 at an accelerating voltage of 300 kV with a
convergent semiangle of 25 mrad and an inner collection angle of 70 mrad.
1.3 Electron energy loss spectroscopy (EELS)
In modern TEMs, electrons are accelerated by voltages of 80 up to 300 kV. When such fast
incident electrons are scattered by electrostatic interaction with matter in the specimen,
the incident electrons may loose part of their energy, or just change directions without
losing energy. According to scattering theory, the former case is referred to as inelastic
scattering and the latter case as elastic scattering [25, Chapter 3]. In TEM, the elastically
scattered electrons are mainly used to form images, such as bright-field (BF), dark-field
(DF) and HRTEM images, and also to obtain electron diffraction patterns. The inelas-
tically scattered electrons are primarily exploited for electron energy-loss spectroscopy
(EELS), which reveals chemical and electronic properties of the investigated materials.
EELS involves measuring the energy loss of the fast incident electrons. This energy
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loss is equivalent to the total amount of binding energy and kinetic energy transferred to
an electron in a specific shell of an atom in the sample. The binding energy is closely re-
lated to the atomic species and the electron shell of the specific core electrons. Therefore,
by measuring the energy-loss of the incident electrons, the chemical composition of the in-
vestigated specimen can be obtained. In addition, when EELS is performed in the STEM
or EFTEM mode, local electronic and chemical properties of the specimen can be stud-
ied, since the incident electrons are focused into a small diameter. Aberration-corrected
STEM usually offers a spatial resolution of images below the level of interatomic spacings
and sub-A˚ resolution has been recently achieved [3, 26]. Although the spatial resolution
of EELS is slightly worse than the image resolution, EELS with reasonably high spatial
resolution allows us to study defects, nanostructures, interfaces, etc. In comparison, X-
ray absorption spectroscopy (XAS) provides the same information as EELS. However,
taking into account the limitation of its spatial resolution, it can be only applied for the
analysis of sample structures larger than 20 to 30 nm.
In this section, the physical principles of EELS will be explained within the quantum
mechanical theories. In addition, the widely used techniques based on EELS, such as
energy filtering imaging, electron spectroscopic imaging, and StripeSTEM will be intro-
duced and discussed in detail.
1.3.1 Basics of EELS
When the fast incident electrons interact with matter in the specimen, various possible
signals are produced, as shown in Figure 1.3.1. The elastic scattering is based on the
interaction of fast electrons with atomic nuclei in the specimen. In the Rutherford model,
this scattering occurs when the incident fast electrons travels close to the nucleus. Because
of the scattering with the nucleus, the corresponding cross-section shows high sensitivity
with respect to the atomic number. When the high-energy incident electrons travel
further from the nucleus, they scatter through a small angle of 10 - 100 mrad due to the
partial screening of the nucleus field by the electron clouds. When the incident electrons
interact with core-shell electrons of atoms in the specimen, this scattering is known as
the inelastic scattering [27].
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Figure 1.3.1: Schematic diagram of signals emerging from the interaction of electrons
in the thin specimen. The scattering angle of the elastically scattered electrons is bigger
than the inelastically scattered electrons.
The schematic overview of an inelastic scattering event for the Bohr model of an atom
is displayed in Figure 1.3.2 (a). The fast electrons scatter with the core electrons of a
specific inner shell, losing a finite amount of energy (i.e. inelastic scattering). When the
core electrons receive an energy greater than the binding energy, they can be excited to
the continuum (ionisation). As a result, the fast electrons (E0) loses a certain amount
of energy (∆E), which is equivalent to the sum of the binding energy (Ebin) and the
kinetic energy (Ekin). The energy-loss of the fast electrons can be measured by the EEL
spectrometer in the TEM (EELS).
An alternative method of spectroscopy in the TEM is the energy dispersive X-ray
(EDX) spectroscopy. When the ionisation occurs, the excited electron leaves a hole in
the inner shell. Subsequently, one electron from a higher energy level drops down to fill
this hole, leading to the x-ray emission (Figure 1.3.2). The EDX spectroscopy involves
measuring the x-ray emission resulting from the ionisation process.
In Figure 1.3.2 (b), a wavevector diagram with corresponding energy levels in the case
of the inelastic scattering is displayed. In the inelastic scattering event, the momentum
transfer (q) is given by
q2 = q2⊥ + q
2
‖ = k
2
0(θ
2 + θ2E) (1.3.1)
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Figure 1.3.2: Schematic diagram of (a) the inelastic scattering event and the x-ray
emission in the Bohr atomic model and (b) a wavevector diagram with energy levels in
the case of the inelastic scattering.
where θ is the scattering semi-angle and θE is a characteristic angle, which is defined
by θE = Eav/(γm0v
2). Here, γ is the relativistic factor, v is the particle velocity, and m0
is the electron rest mass. For inelastic scattering the scattering angle is small, then it can
be approximated by q‖ = k0θE and q⊥ = k0sinθ ≈ k0θ.
In order to measure the energy loss, resulting from the inelastic scattering, a magnetic
prism and a suitable detector are in general utilised in the TEM. Figure 1.3.3 shows the
schematic design of the magnetic prism. The magnetic prism is produced by applying the
homogeneous magnetic field (B) perpendicular to the electron travelling direction. When
the magnetic field is applied, the magnetic force (FL) is equivalent to the centripetal force
(FC) which leads to a circular electron beam path. Thus, this relationship can be written
as:
FL = FC → qvB = γmv
2
R
→ R = γmv
qB
(1.3.2)
where R is the radius of the circular orbit. γ, m, and v are the relativistic factor,
the electron rest mass, and its velocity, respectively. q is the electric charge and B is the
magnetic field strength.
From equation 1.3.2, it can be seen that the electrons with a certain energy loss travel
slower in the magnetic field and they are bent with a smaller radius. The inelastically
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Dispersion plane
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Figure 1.3.3: Schematic diagram of the magnetic prism. The homogeneous magnetic
field (B) is applied perpendicular to the electron travelling direction. The electrons
with different kinetic energy are bent in a different manner, resulting in a dispersive
spectrum in the corresponding dispersion plane.
scattered electrons are bent differently depending on their kinetic energy, leading to
a energy dispersive spectrum at the spectrum plane of the spectrometer. The solid
and dotted lines indicate the pathway of elastically scattered electrons and inelastically
scattered electrons, respectively.
However, the electrons focused in the spectrum plane still suffer from lens aberrations
of the prism. The lens aberrations are corrected using a combination of the quadropole
and hexapole lenses. After the correction of the lens aberrations, the EEL spectrum is
finally acquired by a charge coupled camera (CCD). Figure 1.3.4 shows an EEL spectrum
measured by the spectrometer. The EEL spectrum shows the scattered electron intensity
as a function of the energy loss of the fast incident electrons.
As shown in Figure 1.3.4, the most intense feature in the EEL spectrum is the zero-
loss peak, corresponding to the elastically scattered electrons. In general, the full width
at half maximum (FWHM) of the zero loss peak provides the energy resolution of the
measured EEL spectra. After the zero-loss peak, in the region of about 5 to 30 eV, there
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Figure 1.3.4: Experimental EEL spectrum showing the Ti-edge in about 460 eV. The
low loss region (zero loss and plasmon peaks) extends about 0 to 50 eV, followed by
the core loss region up to 2000 eV (the ionisation edge).
are small fluctuations which represent the plasmon excitation. The plasmon peaks are
also known as the low-loss region in the EEL spectrum. The intensity of the zero-loss and
the plasmon peaks can be used to determine the sample thickness, since the probability
of independent scattering events follows a Poisson distribution. Therefore, the relative
thickness (t/λ) is determined by the log-ratio method and the relative thickness is given
by
t/λ = ln(Itot/Izl) (1.3.3)
where t is the absolute thickness of the specimen, λ is the mean free path for inelastic
scattering, Itot is the total intensity of the spectrum and Izl is the intensity of the zero-loss
peak. The intensity ratio can be determined by integration of the spectra. According to
equation 1.3.3, the absolute thickness value (t) can be obtained by measuring the intensity
ratio of (Itot/Izl) provided that the mean free path is known or can be calculated [25].
Generally, there are also contributions of multiple scattering effects to the core-loss
region, arising from the thickness of the specimen. These multiple scattering effects
can be removed by the Fourier transform deconvolution method. One of the routinely
employed methods is the Fourier-Ratio deconvolution method which requires one core-loss
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Figure 1.3.5: Schematic diagram of core loss ionisation within the band structure
model and the correlation with an EEL spectrum.
and one low-loss spectrum from the same region [27]. Prior to applying the Fourier-Ratio
deconvolution, the background of the core-loss spectrum is removed by fitting a power-law
model, I(E) = AE−r, where A and r are parameters that can be determined by fitting
the function to the region before the onset energy of the ionisation edge. Subsequently,
the multiple scattering effects can be removed using the Fourier-Ratio method with the
corresponding low-loss spectrum.
As shown in Figure 1.3.4, the core loss region extends from about 50 to 2000 eV
beyond the low loss region. This region represents the excitation of electrons from the
inner shells to unoccupied electron energy levels above the Fermi energy level of materials
(known as the ionisation edge).
A schematic diagram of the core loss ionisation process in a band structure model is
shown in Figure 1.3.5. When the inner shell electrons in solid materials receive a certain
amount of energy, the electrons can jump from the inner shells to unoccupied energy levels
in the conduction band. The fine structures on the inner-shell ionisation edges (energy
loss near edge structure = ELNES) arise from the interatomic bonding. Therefore, the
details of the fine structures cannot be described by the simple Bohr atomic model. These
fine structures reveal information on chemical bonding, valence states, oxidation states,
etc. Though it contains such information, a direct interpretation of the fine structures is
only possible in very specific cases.
As shown in equation 1.3.4, the intensity of the ionisation edge is related to the
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local projected density of states (LDOS). The interpretation of EELS hence requires
comparison with ab-initio calculations of EELS based on quantum mechanic theories.
For the ionisation edge, the total cross-section can be simply rewritten from 1.3.4.
The experimentally measured intensity in EELS is related to the double differential cross-
section ( d
2σ
dEdΩ
) which is described by Fermi’s golden rule [28]. Then the intensity of EELS
is given by
I(E, θ) ∝ d
2σ
dEdΩ
=
4γ2
a20q
4
· 1
θ2 + θ2E
∑
f
|〈f |exp(iqr)|i〉|2 (1.3.4)
From equation 1.3.4, the double differential inelastic scattering cross-section can be
separated in the two terms of an amplitude factor ( 4γ
2
a20q
4 · 1θ2+θ2E ) and an inelastic form factor
(
∑
f |〈f |exp(iqr)|i〉|2·). The amplitude factor depends on the incident electron, while the
inelastic form factor is related to the atomic properties contained in the transition matrix
element:
dσ
dE
∝
∑
f
|(Mf (E)|2Nf (E) (1.3.5)
where Mf (E) is the atomic transition matrix element and Nf (E) is the local projected
density of final states (LDOS). The matrix element governs which transition is allowed.
According to the dipole selection rule, the transitions from the inner shell to the unoc-
cupied empty states occur, when there is a change in angular momentum of ∆l = ±1.
The matrix element term determines the basic edge shape and the fine structures super-
imposed on the edge are determined by the LDOS in the unoccupied states.
1.3.2 Modelling of ELNES using real space multiple scattering
theory
Although the electron energy-loss near edge structure (ELNES) provides the details of
the electronic structure of materials, such as the local atomic coordination, valence state,
the chemical bonding, etc., its interpretation is not straightforward. The ELNES can be
interpreted by comparison with the recorded ELNES of the same elements in similar crys-
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tallographic structure. Hofer and Golob [29] and Brydson et al. [30] demonstrated the way
to interpret the near-edge structure using ELNES fingerprints measured in similar struc-
tures. In spite of the convenience of comparison with previously collected fingerprints,
they are not to be found for many specific compounds. Thus, in this case, comparison
with ELNES fingerprints cannot be performed for the interpretation of recorded ELNES.
Another approach to obtain ELNES information is the calculation of ELNES based
on quantum mechanical theories and comparison with the measured ELNES. In this way,
non-existent experimental ELNES fingerprints can be obtained by theoretical calcula-
tions, when the atomic coordinates in the crystal structures are available. The theoret-
ical calculation of unoccupied density of state (DOS) enables an understanding and a
prediction of the features on the ELNES [31–36]. This theoretical calculation involves
solving the final states wave functions, the transition matrix, and particularly the site-
and symmetry-projected DOS.
Among various modelling methods, two methods have been widely used, i.e. the real
space multiple scattering (RSMS) method and the band structure (BS) method. The
band structure method requires an infinite, periodic lattice and the ELNES is calculated
in the reciprocal space. In contrast, in the RSMS method, the ELNES is calculated with
a finite cluster of atoms in the real space. Thus, it is possible to treat arbitrary, non-
periodic systems, such as molecules or interfaces in the RSMS method [37, 38]. In the
RSMS approach, the excited electron in the final states is considered as a wave scattering
off the atoms present in the specimen [39]. Besides these two methods, the ELNES can be
calculated by the atomic multiplet theory, which can only be applied to certain ionisation
edges with intense white-line features, such as L23 edges of transition metals [40].
In this work, the commercially available FEFF 8.5 code [41] was used to calculate
the near edge structures of the O-K edges and Ti-L23 edges for SrTiO3 and BaTiO3.
FEFF 8.5 is based on a self-consistent RSMS approach [42], which can be applied to
arbitrary non-periodic or periodic systems. The ELNES can be quantitatively interpreted
by calculations using FEFF 8.5 based on self-consistent field (SCF) calculations of the
local densities of states. In FEFF 8.5, the calculations of ELNES with the angular
momentum-projected density of states (LDOS) is efficiently carried out within a Green’s
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function formalism [41].
In EELS, the double differential cross-section (σ) with respect to the scattering angle
(Ω) and the energy loss (E) is given by Fermi’s golden rule
d2σ
dΩdE
= 4γ2a−20 q
−4k
′
k
∑
f
| 〈f | eiq·r |i〉 |2δ(E − Ei + Ef ) (1.3.6)
where a0 is the Bohr radius, γ is a relativistic correction factor, and q is the momentum
transfer and k is the wavevector. Using the dipole approximation, one can replace eiq·r
by q · r. In the real space Green’s function method, the sum over all final states from
equation 1.3.6 can be expressed by the Green’s function (G). Then, the corresponding
part of equation 1.3.6 can be rewritten as
∑
f
| 〈f | eiq·r |i〉 |2 =
∑
f
| 〈f | q · r |i〉 |2
= 〈i| q · rρ(r, r′)q · r |i〉 =
∑
L,L′
ML(E)ρLL′(E)M
′
L(E).
(1.3.7)
Here, ML(E) are dipole matrix elements and ρL,L′(E) is the one-electron density
matrix which is the same as −(1/pi)Im[GL,L′(E)].
The self-consistent field (SCF) approach based on the final state rule is used in EELS
calculations. Here, the final state rule considers incorporation of a screened core-hole in
the excited states. In FEFF 8.5, the final states Hamiltonian contains a full-screened
core-hole in the Coulomb potential (V ′Coul) and the energy dependent self energy (
∑
(E))
as given in equation 1.3.8.
h′ = p2/2m+ V ′Coul +
∑
(E). (1.3.8)
The self-energy can be calculated by the Hedin-Lundqvist (H-L) [43] or the Dirac-
Hara model (D-H) [44], which is the local density approximation to the Fock exchange
operator. The H-L model is based on a dynamically screened exchange operator in an
electron gas. In general, it calculates a reasonable self-energy for solids. The D-H model
only includes the static exchange terms and is sometimes appropriate for molecules. One
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of the frequent failures in the calculation in FEFF 8.5 is the overestimated shift of the
spectral features to the onset energy. This failure is attributed to a wrong estimation of
the self-energy.
Another important issue is the incorporation of the core-hole effect in the calculation.
FEFF 8.5 utilises a self-consistent, fully screened core-hole. For most cases, the core-hole
effect is well taken into account, but in specific cases, such as L23 edges of transition
metals, the calculations of the core-hole effect show deviations from the experimental
spectra.
However, the FEFF code is still further under development with increasing efforts
to effectively treat many-body effects. In particular, time-dependent density functional
theory (TDDFT) is included to properly treat screening of the external electric field
modifying the transition matrix elements and corresponding examples were demonstrated
by Ankudinov, Takimoto, and Rehr [45]. In Section 3.3, the Ti-L23 edge of STO is
calculated with TDDFT and the resulting spectrum is compared with the experimental
spectrum.
In practice, one can consider FEFF 8.5 as a semi-automated software which requires
a single formatted input file, containing the configuration parameters and the binary file
to perform calculations. The input file consists of several so called cards that specify
the calculation conditions. Though the cards can be written manually, the input file
requires the atomic coordinates and the identification of the specific atom types for the
cluster (an ATOMS card). This can be easily obtained by the use of Webatoms [46] or
Arthemis which are now a part of the Ifeffit software package [47]. When the input file
is successfully prepared, the calculation runs automatically in six modules. In the first
module, the self-consistent scattering potentials and the Fermi energy are calculated. The
cross-sections, phase shifts and LDOS are calculated in the second module. Then, the
third module calculates full multiple scattering events within the defined cluster size. In
the fourth module, the leading multiple scattering paths for the cluster are computed.
In the next module, the effective scattering amplitude and other X-ray absorption fine
structure (XAFS) parameter calculations are carried out for each scattering path. In the
end, the XAFS parameters from one or more paths are combined to calculate a total
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XAFS or X-ray absorption near edge structure (XANES) spectrum (Module 6).
As shown equation 1.3.9 and 1.3.10, X-ray absorption spectroscopy (XAS) and EELS
are formally very similar, because both techniques probe the unoccupied electron states
of the given materials. The main difference between these techniques is the scattering
particle. In XAS, to excite the core electrons, a beam of photons is used, while a beam of
electrons is utilised in EELS. Equation 1.3.9 and 1.3.10 are equivalent, where ε represents
the polarisation vector of a beam of photons in XAS and q represents the momentum
transfer vector of a beam of electrons in EELS. Therefore, for the calculation of ELNES,
the same formalism of XANES can be applied.
d2σ
dΩ
|XAS ∝
∑
f
| 〈f | ε · r |i〉 |2δ(E − Ei + Ef ) (1.3.9)
d2σ
dΩdE
|EELS ∝
∑
f
| 〈f | q · r |i〉 |2δ(E − Ei + Ef ) (1.3.10)
In FEFF 8.5, for the EELS calculation, an extra module is implemented which converts
XAS to EELS by considering the different energy-dependence of the cross-section.
1.3.3 StripeSTEM
To obtain the EEL spectra with reasonable signal to noise ratio (SNR), it is required to
use long dwell times at a single scan point. When long dwell times are applied, the drift
of specimen and beam cannot be neglected as a result of the instrumental instability.
For the acquisition of a normal line profile of EEL spectra, a single STEM image is
obtained and the trace of the scan line is subsequently marked in the acquired image. In
the acquisition process, the electron beam stops and the EEL spectra are recorded with
defined dwell time at the selected scan position. The problem of this method is that the
above mentioned specimen and beam drift are not recorded during the acquisition of EEL
spectra. Therefore, the precise position corresponding individual EEL spectra cannot be
obtained, when the line profile technique is performed. In addition, a high electron dose
at the single scan point may result in serious damages of the specimen with this manner.
To avoid obstacles resulting from the beam and specimen drift, Heidelmann, Barthel,
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and Houben [48] proposed to record the HAADF signal and EEL spectra in parallel. This
technique is referred to as StripeSTEM. In a StripeSTEM measurement, a series of EEL
spectra is steadily recorded with the simultaneous acquisition of the HAADF image.
In this acquisition process, the individual EEL spectra are acquired in a cumulative
way for one or several scan lines in the HAADF image. After the measurement, the
positions in the HAADF image can be precisely correlated to the obtained individual
EEL spectra, because image distortions resulting the combination of beam and specimen
drift is recorded in the HAADF image. Thus, a spatially resolved EEL spectra along one
direction with the history of the beam position can be obtained by applying StripeSTEM.
Figure 1.3.6 shows an example of the StripeSTEM measurement for the SRO/ BTO/
SRO heterostructure. As above explained, the distortions resulting from specimen and
beam drift are recorded in Figure 1.3.6 (a) with a stack of associated EEL spectra as shown
in Figure 1.3.6 (b). 166 spectra are acquired with an acquisition time of one second per
spectrum. Both HAADF and the spectrum-stack image share the y axis. The individual
spectra can be therefore correlated with respect to the y axis. In Figure 1.3.6 (b), the
corresponding core-loss edges are indicated. The Ru-M45 edge region in the spectrum-
stack image is not shown here. A monolayer modulated intensity of the Ti-L23 and
Ba-M45 edge is clearly visible in the spectrum-stack image. Red arrows indicate the
single monolayer position B.
Figure 1.3.7 shows core-loss signals extracting from the spectrum-stack image. Each
spectrum in the spectrum-stack image is extracted and integrated over the specific energy
window after the background subtraction by power-law fitting. The integrated intensity
profiles as a function of the spectrum number counted from the bottom of the spectrum-
stack image are shown in Figure 1.3.7. A monolayer modulation of intensity profiles
of Ti-L23, Ba-M45, and Ru-M45 edge is clearly observed. At the position A and C,
intermixing of the TiO2 and RuO2 layer is verified by analysing the TiO2 and RuO2
profile. Comparing the elemental profile with the Z-contrast in the Figure 1.3.6 (a), the
intermixing at the position C is obvious. In contrast, the intermixing at the position A
cannot be observed in the HAADF image.
In addition to obtaining one-dimensional elemental map, StripeSTEM can be also used
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Figure 1.3.6: StripeSTEM measurement of the SrRuO3/ BaTiO3/ SrRuO3 het-
erostructure. (a) HAADF image showing the beam and specimen drift and (b) the
corresponding spectrum-stack image. Red arrows indicate the position B, where the
maximum intensity of the Ti-L23 and O-K edge appears with the minimum intensity
of the Ba-M45 edge in Figure 1.3.7.
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Figure 1.3.7: Core-loss signals extracting from the spectrum-stack image. Intermixing
of the TiO2 and RuO2 layers observed at the position A and C. In particular, the
intermixing at the position A cannot be clearly observed in the HAADF image.
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to analyse ELNES of the specific core-loss edges. This technique is applied to observe a
variation of ELNES through the interfaces of the ferroelectric heterostructure, as shown
in Section 3.2.2.
The achievable spatial resolution of the EEL signal obtained using StripeSTEM and
the limiting factors of the spatial resolution are discussed based on multislice calculation
in detail in the paper of Heidelmann, Barthel, and Houben [48].
1.3.4 Energy filtering transmission electron microscopy
Energy filtering transmission electron microscopy (EFTEM) provides information about
the elemental distribution by selecting inelastically scattered electrons with a specific
energy loss, usually corresponding to the characteristic inner-shell ionisation edge. This
technique is also known as electron spectroscopic imaging (ESI) and makes it possible to
characterise various samples in materials science and biology [49]. The theoretical and
practical aspects in EFTEM have been widely reviewed [50–57].
An energy filter incorporated in a TEM allows the electrons with a particular energy
loss to pass through, forming energy filtered images. EFTEM can be used for various
imaging in TEM. When only elastically scattered electrons are used to form an image,
its contrast and spatial resolution are considerably enhanced by eliminating inelastically
scattered electrons [50]. In particular, this zero-loss (ZL) imaging is based on reducing
blurring, resulting from the effect of chromatic aberration in thick specimens and therefore
can increase the scattering contrast, phase contrast, Bragg contrast, etc. It is known that
the effect of inelastically scattered electrons dominates the contrast in the images of the
thick specimens. Furthermore, the contrast of heterogeneous specimens can be tuned by
varying the energy window in the range of 0-200 eV. The relative thickness (t/λ) map can
be obtained by dividing the ZL image through the inelastic image (see equation 1.3.3).
In addition, chemical elemental map can be obtained using the specific ionisation edge.
In this section, the principles of elemental mapping and the procedures of inelastic image
acquisition will be explained in detail.
The post-column imaging filter applied in the present studies, is manufactured by
Gatan and is known as Gatan imaging filter (GIF). The GIF consists of a magnetic sector
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Figure 1.3.8: Gatan Tridiem energy-filtering spectrometer (model 863) taken from
[25].
spectrometer, a variable energy-selecting slit, multipole lenses, and the slow-scan CCD
camera. A schematic diagram of the GIF is shown in Figure 1.3.8. The final projector
lens crossover is used as the object plane of the spectrometer. The electron beam is bent
by the magnetic prism and the EEL spectrum is focused at the first spectrometer image
plane. For energy filtering imaging, a variable energy-selecting slit is inserted with a
width in the range of 1 - 100 eV. However, the energy filtered image still has residual lens
aberrations. These lens aberrations are subsequently corrected by the post-spectrometer
quadrupole and sextupole lenses. Subsequently, the energy filtered image can be acquired
by the slow-scan CCD camera. For EEL spectroscopy, the energy-selecting slit can be
retracted and the spectrum can be projected onto the CCD camera using the multipole
lenses.
As an alternative, the in-column filter can be used for EFTEM imaging. The com-
mercially available in-column filters are manufactured by Zeiss and JEOL. It consists of
four magnetic prisms arranged in the form of an Ω (Figure 1.3.9) and is therefore known
as an omega filter. The in-column imaging filter is located in the projector lens system.
Unlike the post-column imaging filter, it cannot be attached to any conventional TEM.
Owing to the position of the in-column filter, the energy filtered images or diffraction
patterns are directly visible on the viewing screen. Therefore, it can be a good option for
diffraction analyses, using photographic film or image plates as detector.
The performances of both spectrometers are in general comparable. For energy fil-
tering imaging, the EEL spectrum is shifted with respect to the energy-selecting slit. To
select the desired energy loss range, the accelerating voltage is normally changed, keeping
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Figure 1.3.9: A schematic of Ω filter from Zeiss company. It is taken from [58].
the energy loss electrons on the optic axis.
In order to form elemental maps of a specific element, two pre-edge images and a
single post-edge image of the corresponding inner-shell ionisation edge are recorded with
the same energy window width (∆) and the same acquisition time. The ionisation edge is
superimposed on a strong background signal. To obtain the net intensity of the ionisation
edge, this background contribution has to be subtracted from the ionisation edge signal.
The background signal decreases slowly with energy loss and it can be approximated by
a power law model, I(E) = AE−r. The two pre-edge images prior to the ionisation edge
are used to fit the coefficient A and the exponent r for each pixel in the image. Then
the calculated background image is subtracted from the post edge image. Subsequently,
the net image shows the elemental distribution in two dimension, which can also be
quantitatively analysed. However, the background removal out of two pre-edge images
leads to an increased statistical error, showing more noise in the elemental map. Thus
long acquisition times are required to obtain a reasonable signal to noise ratio (SNR) [59].
In addition, one also has to consider the specimen drift resulting from long acquisition
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Figure 1.3.10: The energy-selecting slit positions with the slit width (∆) to obtain
energy filtered images. The grey 1 and 2 boxes indicate the positions of two pre-edge
images to extrapolate the background signal image. The box 3 is the calculated back-
ground signal of the post-edge. After the subtraction of the background contribution
from the post-edge, the net edge intensity can be obtained.
time for the three images. Although this specimen drift can be minimised using a short
acquisition time, this results in noisy elemental maps, owing to a reduction in the SNR.
Therefore, instead of using a short acquisition time, the unavoidable specimen drift due
to the used long acquisition time has to be corrected by automated cross-correlation
algorithms.
A schematic diagram of the three-window technique and the positions of the energy
windows is shown in Figure 1.3.10. Acquiring elemental maps for the different core-loss
edges allows to calculate maps of their concentration ratios. The areal density (number
of atoms of an analysed element per unit area of the specimen) is given by
n · t = I(∆, β)/σ(∆, β), (1.3.11)
where n is the atomic concentration, t is the specimen thickness, I is the intensity, σ
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is the ionisation cross-section, ∆ is the width of the energy selecting window, and β is
the collection semi-angle. After specimen drift correction, the concentration ratio map
for the different ionisation edges (na/nb) can be calculated by dividing the relative areal
density maps as given by
na
nb
=
Ia(∆, β)/σa(∆, β)
Ib(∆, β)/σb(∆, β)
. (1.3.12)
When this method is applied, the effects of the specimen thickness and diffraction
contrast cancel out due to the division. However, an absolute quantification of the ele-
mental maps requires the corresponding low-loss image. Due to the intensity variation
between the low-loss and core-loss regions, in practice, acquiring core-loss and low-loss
images together is not easily applicable.
The spatial resolution of an energy filtered image is determined by the delocalisation
of inelastic scattering (dDel), the diffraction limit (dDiff ), and the chromatic (dCc ) and
spherical aberrations (dCs ) in the objective lens [27, 60]. All contributions are summed
in quadrature :
d2 = d2Del + d
2
Diff + d
2
Cc + d
2
Cs . (1.3.13)
Equation 1.3.13 can be expressed by
d2 = R2 + (0.6λ/β)2 + [Ccβ(∆/E0)]
2 + (2Csβ
3)2, (1.3.14)
where R is the delocalisation of inelastic scattering, λ is the wavelength of electron
beam, β is the collection angle, Cc is the chromatic aberration coefficient, E0 is the
incident electron energy and Cs is the spherical aberration coefficient.
Then, the spatial resolution of an energy filtered image becomes as given by
d =
√
R2 + (0.6λ/β)2 + [Ccβ(∆/E0)]2 + (2Csβ3)2. (1.3.15)
Although the background signal is subtracted properly, the contribution of the diffrac-
tion contrast to the image intensity in the elemental map cannot be completely excluded,
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Figure 1.3.11: Energy filtering imaging. (a) Bright field image, (b) elemental map
and (c) jump-ratio map of Ti-L23 edge are compared. The blue arrow indicates the bend
contours and the red arrows denotes diffraction contrast resulting from the Ga+ ion
damage. In the jump-ratio map (c), the effects of the diffraction contrast is significantly
reduced, showing the core-shell structure of the Dy-doped BaTiO3 ceramic. In addition,
the triple points are marked by white arrows in (c).
especially for polycrystalline specimens. In order to reduce the diffraction contrast effect,
Johnson [61] suggested the use of jump-ratio mapping, in which the ionisation edge image
is simply divided by a single pre-edge image with the energy window position directly
prior to the ionisation edge. Hofer, Warbichler, and Grogger [51] and Ja¨ger and Mayer
[52] confirmed that in the case of the jump-ratio map, the noise from the background
removal and the diffraction contrast effect were significantly reduced, compared to the
elemental map with three-window method.
However, when there is a large variation of the specimen thickness, leading to a change
in the slope of background signal, unavoidable artefacts can be produced [52]. In addition,
the quantification of these jump-ratio maps is not possible.
An elemental map and a jump-ratio map of the Ti-L23 edge in the polycrystalline
BaTiO3 ceramic are compared in Figure 1.3.11. Figure 1.3.11 (a) shows the bright field
(BF) image for the same area where energy filtering imaging is applied. The extremely
thin area was selected at the edge of the cross-sectional specimen prepared by FIB milling.
On the left side of the BF image, bend contours are clearly visible in two grains, and in
addition, diffraction contrast effects caused by defects are also clearly visible. Compared
to the BF image, in the case of the elemental map (b) with the three-window method,
the bend contours and the diffraction contrast in the two grains still exist, disturbing
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Figure 1.3.12: (a) d orbitals in octahedral crystal field and (b) crystal field splitting
effect.
the interpretation of the elemental distribution. However, in the jump-ratio map, the
diffraction contrast effect is considerably reduced and the the core-shell structure of the
BaTiO3 ceramic is therefore observed successfully. The investigation of the core-shell
structure by EFTEM imaging will be discussed in detail in Chapter 4.
1.3.5 Crystal field splitting effect on the Ti-L23 edge
Crystal field theory (CFT) was developed by Bethe [62] and Van Vleck [63] to account
for splitting of electronic orbital states, especially d and f orbital states, of transition
metals. According to CFT, a metal cation is surrounded by ligands which are considered
as negative point charges. The static electric field produced by the surrounded ligands
interacts with orbitals of the metal cations. The repulsive force, depending on the distance
between the cations and the negative point charges, leads to a splitting of electronic orbital
states. As ligands approach the orbitals of a cation, the repulsive force becomes stronger.
Thus, the corresponding orbitals have higher energy states.
Figure 1.3.12 (a) displays d-orbitals for the octahedral configuration of transition
metal compounds. The d orbitals of a transition metal are composed of dxy, dyz, dzx,
dx2−y2 and dz2 . In a perfect spherical crystal field, those five orbitals are degenerate. In
octahedral crystal field with cubic symmetry, dx2−y2 and dz2 orbitals have higher energy
than the other three orbitals, due to the direction of orbitals. The dx2−y2 and dz2 orbitals
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are directly oriented to the corners of the octahedron, but dxy, dyz, dzx are oriented to
the faces of the octahedron. Both dx2−y2 and dz2 orbitals are known as the eg state, while
the dxy, dyz, dzx orbitals are referred to as the t2g state [64, Chapter 16].
When an additional tetragonal distortion occurs in octahedral crystal field, an ad-
ditional splitting of the d-orbitals for the eg and t2g state takes place. However, the
magnitude of energy splitting in the eg state is bigger than that in the t2g state. In
particular, in the tetragonal distorted structure, dx2−y2 orbital is higher in energy than
the dz2 orbital, because the structure is elongated along the z-axis.
These crystal field splitting effects are reflected in electron energy-loss near edge struc-
ture (ELNES). The near edge structures of EEL spectra reflect the local unoccupied den-
sity of states of materials. Analysing fine structures of EEL spectra allows to understand
the electronic structure of materials.
1.4 Focused ion beam (FIB) and low angle ion milling
For the characterisation of materials by TEM it is required to prepare an electron trans-
parent specimen. There are various preparation methods to obtain high quality TEM
specimens. A choice of the proper preparation method is dependent on the species of the
materials and the aim of the TEM analysis.
In order to study interfaces of ferroelectric heterostructures, a cross-sectional prepara-
tion is required. Therefore, among available preparation methods, the focused ion beam
(FIB) technique is chosen for all TEM investigations in this work. The TEM specimen
preparation by FIB is beneficial due to the possibility of a site specific, time efficient and
versatile preparation. Nevertheless, it also leads to inevitable artefacts due to the high
energy Ga+ ions generally used in FIB ([65, 66]). Artefacts induced by the TEM specimen
preparation cannot be neglected, because the quality of TEM specimen is decisive for the
results from the TEM investigations. When the TEM specimen is damaged during the
preparation, one may obtain wrong information which can lead to a misinterpretation of
the character of materials.
In this section, fundamental concepts of FIB will be explained briefly and artefacts
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resulting from high energy Ga+ ion will be discussed. Furthermore, possible methods
to reduce these artefacts will be introduced, showing HRTEM images of the successfully
obtained TEM specimens.
The focused ion beam (FIB) instrument comprises a liquid metal ion source (LMIS),
an ion column, detectors, a sample stage and gas injection system (GIS). The FIB system
is similar to a scanning electron microscope (SEM), with the exception of the use of a
ion source and the ability of the in-situ deposition by GIS. In the FIB system, the high
energy ion beam is used to sputter materials, while the electron beam is utilised to mainly
form images in the SEM.
The most widely used ion source is the Ga LMIS in the FIB workstation. Ga has a
low melting point (29.8 ◦C), which has the advantage not to cause chemical reactions and
interdiffusion between the source and tungsten needle. Furthermore, it enables a stable
operation and a long lifetime due to the low volatility at this low melting point. The
present Ga LMIS provides a focused ion beam with a diameter of about 5 nm [67].
To produce a focused Ga+ ion source, the Gallium reservoir is heated by a coil heater
and the melted Ga flows along the tungsten needle. An electric field is subsequently
applied to the tungsten tip. A point source of around 5 nm in diameter is produced
in the vicinity of the tungsten tip. When applying the extraction voltage, Ga is finally
ionised from the tungsten tip. The Ga+ ions extracted from the LMIS are accelerated by
applying a voltage of up to 30 kV. The electrostatic lens system in the ion chamber focuses
the high energy ion beam on the samples and the focused beam is scanned over the sample
surface. The accelerating voltage is normally fixed at 30 kV to maintain the best optical
conditions, but the current of the Ga+ ions can be controlled by changing aperture size.
Therefore, the kinetic energy of accelerated ions remains constant, though the number of
ions can be reduced by using a small aperture. Sputtering with a smaller aperture only
reduces the ion current, keeping the same damage per ion, unless the accelerating voltage
is altered.
While the focused ion beam scans over the sample surface, Ga+ ions interact with the
samples and a wide range of signals is produced. Among them, in particular, secondary
electrons mainly originated from the sample surface are used to obtain a surface image
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in the FIB workstation.
Another important application is the site specific deposition using the GIS in the FIB
workstation. A precursor organometallic gas is used for the site specific deposition. A
certain amount of gas controlled by the GIS valve is introduced into the specimen cham-
ber. When Ga+ ions are interact with the introduced gas molecules, they are decomposed
into non-volatile products. Then, the desired conductive materials can be deposited on
the sample surface. Common precursor gases are W (CO)6, (CH3)3(CH3C5H4)Pt, and
Phenanthrene, which can be used for the deposition with GIS ([67, Chapter 3]). The
deposition of conductive materials can also be utilised to obtain a protecting layer for the
cross-sectional TEM specimen preparation. During the in-situ lift-out procedure, a FIB
lamellae can be glued to a micromanipulator needle or a TEM grid using the site-specific
deposition with the GIS.
The TEM specimen preparation involves the following steps: a thick tungsten or plat-
inum layer is in general deposited by the GIS to protect a sample surface. Then two deep
trenches are sputtered above and below the deposited protecting layer. Subsequently,
the sample is tilted to 45◦ and undercut and side cuts of the lamella are performed. The
tungsten needle of the in-situ manipulator is moved close to one edge of the FIB lamella
and attached to the edge of the lamella using the GIS. Subsequently, the rest of connected
FIB lamella regions is completely cut. Then, the FIB lamella attached to the needle is
extracted by the micromanipulator and transferred to the TEM grid. The FIB lamella is
attached to one side of TEM grid and the needle is cut away. At this point, the thickness
of the FIB lamella is still not low enough for the TEM investigation. Finally, the FIB
lamella is thinned below about 100 nm with a small incident angle and low ion current.
This total procedure takes in general about 3 to 4 hours, depending on the species of the
material.
Besides the several advantages of the FIB preparation, it also leads to inevitable sur-
face damages, since the high energy Ga+ ion beam is used to sputter the materials. For
maintaining the best optical conditions, a fixed accelerating voltage of 30 kV is used in
the present FIB instrument. However, using ions with such a high energy easily leads
to artefacts which strongly obstruct TEM analysis. High energetic Ga+ ions can be
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implanted in the specimen despite of using small incident angle during the final thin-
ning step, which can be often detected by energy dispersive x-ray (EDX) spectroscopy .
This gives also rise to surface amorphisation, depending on the preparation conditions.
This surface amorphisation hampers obtaining clear atomic column positions in HRTEM
images.
To reduce these artefacts, it is advantageous to use a subsequent post thinning method
with Ar+ ion beam which is performed at lower energy and low incident angle [58, Chap-
ter 10]. In general, the sputtering yield is defined by the number of atoms sputtered per
incident ion. The sputtering yield varies dependent on the mass, energy, and incident
angle of the ion source. It also depends on the species, crystallinity, and crystal orienta-
tion of the target material. For the post-thinning procedure, these parameters should be
always considered to find out the optimum parameters for the given sample materials.
The commercially available ion milling devices allow a variation of the ion energy, the
incident angle, the specimen rotation, and the temperature of the specimen. By using
lower ion energy and a smaller incident angle, the damaged surface layers can be reduced
or almost removed. A brief experiment was performed to observe an improvement in the
quality of the FIB lamellae as artefacts are reduced by an additional Ar+ ion milling.
A cross sectional TEM specimen of the ferroelectric heterostructure of Nb:STO/ BTO/
SRO was prepared in the FEI Strata 205 FIB workstation. The specimen was not thinned
below 100 nm in the FIB workstation, due to the expectation of severe Ga damage. The
measured relative thickness of the FIB lamella, the nominal t/λ value, was 1.67 in the
region of the BTO thin film. To reduce artefacts resulting from the FIB preparation, the
specimen was post-thinned by the Gatan Dual Ion Mill Model 600. The energy of the Ar+
ions was 3 keV and the angle of incidence 13◦. The specimen was rotated with a speed of
2 rpm and cooled by liquid nitrogen during post-thinning. The obtained HRTEM images
of the cross-sectional TEM specimen are compared in Figure 1.4.1. The HRTEM images
and the relative thickness maps of the TEM specimen is acquired on the FEI Tecnai F20.
In the Figure 1.4.1, a gradual improvement in the quality of HRTEM images is visible,
as the specimen was thinned by Ar+ ion milling. After 35 minutes Ar+ ion milling, a high
quality of the TEM specimen is obtained. The red arrows indicate the damaged area by
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BF image
after FIB preparation
after FIB preparation
t / λ ~ 1.67
10 min. post thinning
t / λ ~ 1.33
20 min. post thinning
t / λ ~ 0.83
30 min, post thinning
t / λ ~ 0.42
35 min. post thinning
t / λ ~ 0.38
Figure 1.4.1: Comparison of the specimen quality in the HRTEM images during the
post-thinning procedure using the Gatan dual ion mill device.
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Figure 1.4.2: A measurement of the relative thickness as a function of post-thinning
time.
Ga+ ions. It is observed that these damaged areas are significantly reduced by applying
the additional post-thinning, as shown in the last HRTEM image.
To assess the thickness of the FIB lamellae, relative thickness mapping was performed
prior to acquiring HRTEM images. The t/λ values measured in the BTO films are
displayed in Figure 1.4.2 as a function of milling time. The t/λ values in Figure 1.4.2 are
mean values from a reasonably large area in the BTO film and the error bars represent
their standard deviations. From the result in Figure 1.4.2, with caution, a roughly linear
decrease in the t/λ value with increasing milling time can be seen, indicating the constant
sputter yield during post-thinning with the fixed ion energy, incident angle, and rotation
speed of the specimen.
As an alternative method, the specimen can be post-thinned in the FIB chamber
instead of using an additional post-thinning instrument, since the modern FIB system
provide a variable accelerating voltage (e.g. 1kV to 30 kV in Helios nanolab from FEI
company), keeping a reasonable spatial resolution and stable working conditions.
To predict the side wall damage induced by FIB milling as the accelerating voltage
varies, the depth of damage resulting from the Ga+ ions is calculated using the Transport
of Ions in Matter (TRIM) package which is based on Monte Carlo simulations [68, 69].
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Figure 1.4.3: Comparison of the depth of Ga ion damage at 30 kV, 5kV and 2 kV.
The incident ion angle is fixed at 5◦. The target material is Si. The left sketch shows
the incident ion direction and angle with respect to the target material. The threshold
value of vacancies of 0.03 is selected to compare the depth of the ion damage.
The interaction of ions with matter can be simulated by using the TRIM software package.
The results estimated by TRIM are not directly comparable with real damages during the
sample preparation by FIB, since they can not take into account the crystal structure and
dynamic composition changes in the material [68]. However, the impact on the material
by reducing the accelerating voltage at the specific incident angle can be reasonably
studied.
A schematic model for the TRIM simulations and the calculated depth of damage
for silicon as the ion energy varies at an incident angle of 5◦ is shown in Figure 1.4.3.
As a target material, Si was selected due to the well known properties of material. The
vacancies of Si was estimated by the Kinchin-Pease equation [68]. For the calculation
following parameters were used: It was assumed that the density of Si is 2.321 g/cm3 and
the lattice binding energy, the surface binding energy and the displacement energy of Si
is 2eV, 4.7 eV and 15 eV, respectively [69]. According to the manual of TRIM [69], the
displacement energy is the energy that a recoil requires to overcome the lattice binding
forces and to move more than one atomic spacing from the original site. The surface
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Figure 1.4.4: Comparison of the Ga trajectory for Si at 30 kV, 5kV and 2 kV. The
angle of incidence of Ga ion is fixed at 5 degree.
binding energy is defined as the energy, over which the target atoms can leave the surface
of the target. The lattice binding energy is the energy that every recoiling target atoms
loses when it leaves its site and recoils in the target.
From the calculated vacancy density produced by the Ga+ ions in the Figure 1.4.3, the
change of the damage depth with varying the accelerating voltage is clearly confirmed.
The threshold value of 0.03 in vacancy concentration is set to compare the depth of
damage with a change of incident ion energy. The depth of ion damage at 30 kV, 5kV
and 2 kV are about 14 nm, 5 nm and 3 nm, respectively.
From the simulation results using the TRIM software, it becomes obvious that the
thickness of the damaged side walls can be significantly reduced by lowering the accel-
erating voltage in the FIB. As suggested by Bals et al. [66], low-kV milling was used to
reduce these damages. The cross-sectional FIB lamella of the ferroelectric heterostructure
was prepared by low-kV milling in FIB. A normal FIB milling at 30 kV was performed
to achieve a thickness of about 150 nm and the specimen was subsequently thinned at
5 kV and finally it was cleaned at 2 kV. The redeposition effect was considered at low
accelerating voltage. Therefore, when milling at 5 kV and 2 kV, a slightly bigger incident
angle, such as ±5◦ was used to avoid the redeposition of the material, while the incident
angle of ±1.5◦ was used at 30 kV. The HRTEM image of the cross-sectional specimen
prepared by low-kV milling is shown in Figure 1.4.5. The damage produced by the Ga +
ions are hardly visible in the HRTEM image. A homogeneous thickness was achieved in
an wide area, showing no phase contrast inversion in this image. In particular, almost no
68 Chapter 1. Transmission electron microscopy
Figure 1.4.5: The TEM micrograph for the cross-sectional FIB lamellae of the ferro-
electric heterostructure prepared by the low-kV milling method in FIB (Barton, FEI).
amorphous region was visible at the edge of FIB lamellae in the vicinity of the vacuum
area. However, a reconstruction of the perovskite structure is still observable along the
edge of the FIB lamella, showing dislocations or even hexagonal structure. These areas
are indicated by arrows in the Figure 1.4.5.
Besides the two post-thinning approaches suggest above, the use of the Fischione
Nanomill was evaluated, because a focused Ar+ ion beam is used and the accelerat-
ing voltage can be decreased below 1 kV while keeping reasonable working condition.
Here, reasonable working condition means that the position of the FIB lamellae can be
recognised by the secondary electron detector. When a broad ion beam is used for post-
thinning at an small incident angle, ions reach both the position of the FIB lamellae and
the area of the TEM grid or even specimen holder. Then sputtered material from un-
wanted areas may be redeposited on the FIB lamellae. Therefore, this redepositon effect
can be avoided by using the focused Ar+ ion beam in the Fischione Nanomill. Compared
to low-kV milling in the FIB, the Nanomill provides a relatively low accelerating voltage
below 1 kV. In the FEI Helios Nanolab, below 1 kV the position of the FIB lamellae is
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Figure 1.4.6: HRTEM images for the cross-sectional FIB lamellae of the ferroelectric
heterostructure post-thinned by Fischione Nanomilling.
hard to localise.
For the study of ferroelectric heterostructures, the conductive metal-oxide of SRO
is primarily used as an electrode, due to its perovskite-type structure and the lattice
matching with the ferroelectric BTO film and the STO substrate. However, the epitax-
ially grown SRO films do not remain stable in reasonably thin parts of TEM specimens
prepared by ion milling methods. The area of the SRO film damaged by the Ga + ion
beam is also visible in Figure 1.4.5. Unlike low-kV milling in the FIB, a final accel-
erating voltage of 200 V is used to clean the TEM specimen in the Nanomill. In the
Figure 1.4.6 (a) and (b), HRTEM images of the cross-sectional specimen post-thinned by
using the Nanomill are displayed. After the sample preparation, the SRO thin film was
less damaged by the ion beam, as a low accelerating voltage was used.
In this section, the TEM specimen preparation method using FIB was briefly intro-
duced and its serious artefacts were discussed. Over the past ten years the FIB instrument
has been technically improved. The TEM sample preparation recipes using FIB have been
widely developed with the consideration of reducing the ion beam damage. As explained
previously, there are two approaches to reduce these artefacts resulting from FIB milling.
Dedicated Ar+ ion milling can be applied after FIB milling, or lower accelerating volt-
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ages of the Ga+ ion beam can be used in the FIB chamber. Both methods produce a
reasonable quality of TEM specimens. When the additional dedicated Ar+ ion milling
was applied, one has more flexibility in the choice of parameters for ion milling, such
as the rotation or oscillation of the sample stage, cooling the stage by liquid nitrogen
and the use of lower accelerating voltages. However, when using dedicated ion milling
instruments, the specimen has to be transferred to the separate instrument and then the
specimen can be more exposed in the air. In addition, the dedicated ion milling instru-
ments generally provide worse vacuum condition during post-thinning than in the FIB.
Therefore, the specimen can be severely contaminated during this procedure. To remove
this hydrocarbon contamination on the specimen, one can use a plasma cleaner before
and after post-thinning with the dedicated ion milling instruments. Low-kV milling in
the FIB is also a good alternative to finally clean the specimen, as shown in Figure 1.4.5.
When using this method, the specimen stays in the good vacuum condition of about 10−7
mbar until the final step of the specimen preparation.
There is no golden rule for the TEM specimen preparation. One has to consider all
possible artefacts, resulting from all preparation methods, choose a reasonable method
and finally optimise the preparation method with a change of parameters.
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Chapter 2
Physical properties of BaTiO3
Ferroelectric oxides are attractive candidates for the non-volatile capacitor in ferroelectric
random access memories (FeRAM), due to their reversible remanent polarisation. In
addition, these materials exhibit a permittivity in the range of about 1000 which enables
to store information in an extremely small space. Therefore, ferroelectric materials are
also considered as a promising alternative for conventional dielectric materials, such as
SiO2 [70–72]. In this chapter, ferroelectricity of BaTiO3 (BTO) is explained and possible
failures of ferroelectric thin film capacitors and the origins of these failure are discussed.
2.1 Ferroelectricity of BaTiO3 thin flms
Figure 2.1.1 shows the atomic structures of BTO in the cubic and tetragonal phases, re-
spectively. It is known that upon cooling from high temperatures, below the ferroelectric
transition temperature (Tc = 123
◦C), a structural deformation takes place from the cubic
to the tetragonal structure, followed by the orthorhombic and rhombohedral structures.
In the cubic structure no ferroelectric polarisation is present, because all cat- and anions
are placed in the centrosymmetric positions (paraelectric state). In contrast, local dipoles
between Ti4+ and O2− ions arise when they are positioned in the noncentrosymmetric
positions resulting from the tetragonal deformation at room temperature (ferroelectric
state).
Moreover, ferroelectric BTO exhibits a reversible spontaneous polarisation upon a
change of the external electric field. Figure 2.1.2 shows a ferroelectric hysteresis loop, in
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Figure 2.1.1: The atomic structures of BTO in the cubic phase at high temperature
(paraelectric) and tetragonal phase at room temperature (ferroelectric).
which the reversible spontaneous polarisation Ps occurs as a function of the electric field
E. These opposite directions of the polarisation can be used to store information in the
ferroelectric capacitors.
P
E
Figure 2.1.2: Hysteresis of the polarisation as a function of the electric field E for
ferroelectric materials. The polarisation can be reversed by applying an electric field
amplitude E > Ec [73].
The physical layer thickness limit is called the superparaelectric limit, below which
the ferroelectric polarisation disappears. This fundamental limit can be expected in the
range of a few atomic layers [74]. In practice, additional mechanisms for the failures of
ferroelectric thin film capacitors were observed. The failure of the switching behaviour,
such as a reduction in the remanent polarisation as well as an increase of the coercive
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field were found [75]. In addition, Kohlstedt et al. [76] observed shearing of the hysteresis
curve which is caused by an increasing interface effect.
Ferroelectricity is a collective phenomenon which is based on the complex interplay
between long range and short range interactions. The long range interaction stabilises the
spontaneous polarisation, while the short range interaction counteracts the spontaneous
polarisation formation. In the following, the critical factors will be explained which can
occur at the interface between the the ferroelectric material and electrodes, associated
with the thickness dependency of the ferroelectric property.
0 distance
potential
-t
electrode electrode
p
Edep
ferroelectric
Figure 2.1.3: Screening of polarisation charges in the ferroelectric thin film capacitor.
The most frequently discussed cause of the size effect is the existence of a depolar-
isation field. As shown in Figure 2.1.3, the induced electric polarisation produces an
additional electric field which is opposite to the applied electric field, provided that the
polarisation charges at the interface are not completely compensated for by free charge
carriers. This depolarisation field leads to an instability of the ferroelectric polarisation in
the ultrathin ferroelectric film and suppresses the polarisation below a critical thickness.
Accordingly, the ferroelectric phase completely disappears [77].
Junquera and Ghosez [78] investigated a BTO thin film between the SrRuO3 (SRO)
electrodes based on theoretical calculations using density functional theory (DFT) within
the local density approximation (LDA). The estimated critical thickness of the BTO thin
film was about 2.4 nm which corresponds to six unit cells of BTO.
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Gerra et al. [79] also studied a BTO thin film with the SRO electrodes based on
DFT calculations. The authors observed a noticeable effect of the ionic relaxations in
the metal-oxide electrode on the stability of the ferroelectric phase. According to their
calculation results, the critical thickness of the BTO film with SRO electrodes is estimated
to be 1.2 nm (three unit cells of BTO).
As films are made thinner, the interface effects on ferroelectric polarisation become
predominant. Duan et al. [80] observed a strong effect of the interface bonding on the
nanoscale. The authors performed first-principles calculations to study the electronic and
atomic structures of the KNbO3 films between two electrodes (Pt or SRO) and confirmed
that the critical thickness of the given thin film system can be strongly affected by the
interface bonding producing an interface domain wall.
Stengel, Vanderbilt, and Spaldin [81] showed that the interface of AO-terminated
perovskites (PbTiO3 and BTO) and simple metal (Pt) may result in an enhancement
of the ferroelectric instability of the thin films, leading to the formation of a negative
dead layer. Therefore, in spite of the the electronic screening effect at the interface, the
ferroelectric state in ultrathin films is strongly affected by the local chemical environment
at the interfaces. Umeno et al. [82] also showed the effect of the terminations of the
ferroelectric layer on the ferroelectric stability.
However, in epitaxial films, the ferroelectric polarisation is also strongly influenced
by lattice strains induced by the mechanical boundary conditions [83, 84]. Choi et al.
[85] demonstrated the contributions of the biaxial compressive strain to the remanent
polarization (Pr) and the paraelectric-to-ferroelectric transition temperature (Tc). The
authors observed that Pr of the epitaxially grown BTO thin films on the DyScO3 is
250% higher and its transition temperature is about 500 ◦C higher, compared to bulk
BTO single crystals. To determine Tc, the temperature dependency of the out-of-plane
lattice spacing was studied by high resolution x-ray diffraction (XRD) analysis and second
harmonic generation (SHG) measurements. Additionally, the polarisation hysteresis loops
were also measured to study their ferroelectric properties.
Petraru et al. [86] also observed that the compressive biaxial lattice strain can affect
ferroelectric polarisation, leading to an enhanced tetragonal distortion. According to
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their theoretical calculations, enhanced ferroelectricity of the BTO thin films is expected
when a compressive lattice strain is induced by STO. Enhanced tetragonal distortion was
observed by the conventional and synchroton X-ray diffraction analysis. In addition, a
more stable ferroelectric state of the strained ultrathin BTO film is verified by theoretical
calculations and by observing the polarisation-voltage hysteresis loops.
Thus, it is believed that the ferroelectric state in the thin film heterostructures is
influenced by many factors such as the depolarisation field, the intrinsic surface effect, the
interactions between atomic layers in the vicinity of the ferroelectric-electrode interface,
the lattice strain, etc. In this work, in order to study the effects of terminations of
ferroelectric layers and of epitaxial strain on the ferroelectric properties associated with
epitaxial growth conditions, various ferroelectric heterostructures were grown by pulsed
laser deposition (PLD) and investigated by TEM.
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Chapter 3
Characterisation of ultrathin BaTiO3
films by TEM
In order to improve the ferroelectric properties of ultrathin BTO thin films and to obtain
the desired system properties, it is important to understand the origins of the critical
thickness. Therefore, various ferroelectric heterostructures were epitaxially grown by
pulsed laser deposition (PLD). T. Menke and A. Herpers from Peter Gru¨nberg Institute
(PGI-7) in Ju¨lich performed these PLD depositions to produce the epitaxially grown fer-
roelectric heterostructures. These heterostructures were then studied by TEM to optimise
the epitaxial growth parameters.
As shown in Section 1.2, HAADF imaging makes use of incoherently elastically scat-
tered electrons at large scattering angles to produce images. The intensity in HAADF
images is roughly proportional to Z1.5−2.0, where Z is the atomic number (Z-contrast)
[87]. The Z-contrast is also irreversible, as the defocus parameter varies [88]. Therefore,
intensity of HAADF images can be directly interpreted, showing a high sensitivity to the
atomic number of scattering elements.
In this chapter, HAADF imaging is predominantly applied in order to study the termi-
nating layers, structural deformation and displacements of the atomic column positions
in the ferroelectric thin film heterostructures on the atomic level. To study electronic
and chemical structures, associated with the ferroelectric polarisation, spatially resolved
EELS is carried out using the StripeSTEM technique.
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3.1 Identification of the terminations of epitaxial fer-
roelectric thin films
3.1.1 Nb:SrTiO3/ SrRuO3/ BaTiO3/ Pt heterostructure
As Umeno et al. [82] expected an enhancement of ferroelectric polarisation for PbTiO3
capacitor with asymmetric electrode layers, a Nb:SrTIO3 (Nb:STO) / SrRuO3 (SRO)/
BaTiO3 (BTO/ Pt heterostructure was grown by PLD. The SRO and Pt electrodes were
especially chosen as a bottom electrode and top electrode, respectively. It was predicted
that the asymmetric combination of the electrodes enhances ferroelectricity, because the
electric filed resulting from the asymmetric field influences the Schottky barriers.
Prior to the PLD deposition, the as-received substrate Nb:STO is etched in buffered
hydrofluoric acid-solution (BHF) and is annealed for two hours at 950 ◦C in air. The
etching treatment provides a flat surface with predominant TiO2-termination [89]. For
PLD deposition of the layer system, the following deposition conditions were used: The
SRO layer was deposited at 600 ◦C with an oxygen pressure of 0.133 mbar using a beam
energy of 55 mJ. Then the BTO layer was deposited at 650 ◦C with an oxygen pressure
of 0.001 mbar and a beam energy of 60 mJ. Finally, the top electrode of Pt was deposited
by the evaporation technique.
Figure 3.1.1 shows HRTEM images of the Nb:STO/ SRO/ BTO/ Pt heterostructure
projected along the [010] direction. An atomically sharp interface between Nb:STO and
SRO is clearly observed in Figure 3.1.1 (a) and the epitaxially grown SRO layer with a
certain thickness. In contrast, the SRO layer does not have an atomically flat surface and
growth defects of the BTO are clearly visible. In Figure 3.1.1 (b), the polycrystalline Pt
layer is observed on top of the BTO layer. The inset image shows a magnified image of
the area marked by a red dotted rectangle. The interface between BTO and Pt shows no
atomically sharp interface.
An HAADF image of the Nb:STO/ SRO/ BTO/ Pt heterostructure projected along
the [010] direction is shown in Figure 3.1.2. The atomically sharp TiO2-termination at the
interface between the substrate Nb:STO and bottom electrode SRO is confirmed by the
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Figure 3.1.1: HRTEM images of the STO/ SRO/ BTO/ Pt heterostructure projected
along the [010] direction. (a) an atomically sharp interface between Nb:STO and SRO
layer and growth defects in the BTO layer are clearly visible. (b) polycrystalline Pt layer
on top of the BTO layer. The areas marked in yellow indicate different crystallographic
directions of Pt grains.
qualitative Z-contrast analysis. The intensity dependence with atomic number allows the
direct interpretation of the HAADF image. The brighter the atomic columns appear, the
heavier elements are expected. Ba (Z=56) columns show the brightest intensity, followed
by Ru (Z=44), Sr (Z=38) and Ti (Z=22) columns. O (Z=8) columns are not visible in
this image, due to the inherently weak scattering of oxygen. In the HAADF image no Pt
layer exists, because the delamination of the Pt layer occurred during the cross-sectional
TEM sample preparation.
The SRO layer on the substrate displays a good epitaxial growth showing no defects.
However, at the interface between the bottom electrode SRO and ferroelectric layer BTO,
no clear epitaxial structure was observed. In the BTO layer, a lot of unexpected growth
defects were detected, as shown in Figure 3.1.2.
It is believed that the SRO layer is less stable than BTO. An atomically flat surface of
the SRO layer can therefore not easily be achieved. Because of defects in the vicinity of
the surface of the SRO layer, the epitaxial growth of the BTO layer was not successfully
realised showing incoherent interface structures and growth defects.
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Figure 3.1.2: The HAADF image of the Nb:STO/ SRO/ BTO/ Pt heterostructure
projected along the [100] direction. At the interface between Nb:STO and SRO, the
atomically sharp interface with the TiO2-termination was observed, while no atomically
sharp interface was visible at the interface between SRO and BTO. In the BTO layer,
growth defects are visible showing no epitaxial growth on the SRO electrode. The
Ba, Sr, Ru, Ti and O columns are indicated by red, green, yellow and blue colours,
respectively. No Pt layer is visible due to the delamination of the Pt layer during the
TEM sample preparation.
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3.1.2 Nb:SrTiO3/ BaTiO3 / SrRuO3 heterostructure
To realize an epitaxially grown BTO layer, the sequence and the thickness of the layer
deposition were altered. A thinner BTO layer was directly deposited on the substrate. On
the Nb:STO substrate with an atomically flat TiO2 termination, 5 unit cells of BTO were
deposited. As a top electrode, the SRO layer was subsequently deposited. In addition
to the change of the layer system, the deposition parameters were slightly changed. The
BTO layer was deposited at 800 ◦C with an oxygen partial pressure of 0.05 mbar using
a beam energy of 50 mJ. Then the SRO layer was deposited at 650 ◦C with an oxygen
partial pressure of 0.133 mbar and a beam energy of 15 mJ.
Figure 3.1.3 shows the HAADF image of the Nb:STO/ BTO/ SRO heterostructure.
Z-contrast of HAADF image shows clear information on terminations at interfaces. At
the bottom interface, the layer sequence of SrO-TiO2-BaO-TiO2 is observed. Assuming
that the Nb:STO substrate is terminated by the TiO2 layer, resulting from the heat and
etching treatment, five unit cells of BTO are epitaxially grown and the terminating layer
of BTO is confirmed as the TiO2 layer at the top interface. In contrast to the Nb:STO/
SRO/ BTO/ Pt heterostructure, from the substrate to the electrode, the epitaxial growth
was successfully achieved.
3.1.3 Nb:SrTiO3/ SrRuO3/ BaTiO3/ SrRuO3 heterostructure
In general, a ferroelectric capacitor comprises top and bottom electrodes and an embed-
ded ferroelectric insulator. Because both interfaces of the ferroelectric material play an
important role in the ferroelectric property, a ferroelectric heterostructure with symmetri-
cal electrodes (Nb:STO/ SRO/ BTO/ SRO) was grown by PLD. On the TiO2 terminated
Nb:STO, the SRO layer was deposited at 650 ◦C with an oxygen partial pressure of 0.133
mbar using a beam energy of 20 mJ. Then the BTO layer was deposited at 800 ◦C with
an oxygen partial pressure of 0.05 mbar using a beam energy of 56 mJ. Prior to the
deposition of the top electrode, the specimen was taken out of the PLD chamber and
subsequently cooled down in air. After cooling it down, it was inserted in the PLD cham-
ber and the top electrode of the SRO layer was finally deposited at 650 ◦C with an oxygen
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Figure 3.1.3: The HAADF image of the Nb:STO/ BTO (5 unit cells)/ SRO het-
erostructure grown by PLD.
partial pressure of 0.133 mbar using a beam energy of 20 mJ. It was expected that the
self-ordered surface of the BTO layer occurs during the cooling down process and the
SRO layer can grow better on the flat surface of the BTO layer.
The cross-sectional TEM specimen was prepared by FIB milling and was investigated
using HAADF imaging. Figure 3.1.4(a) shows the HAADF image of the Nb:STO/ SRO/
BTO/ SRO heterostructure along the [100] zone axis. Figure 3.1.4 (a) proves the atom-
ically sharp terminations through the epitaxially grown layers. The 21 unit cells of the
SRO layer and 5 unit cells of the BTO layer and the symmetrical top electrode of SRO
were identified by Z-contrast analysis. According to the intensity of the HAADF im-
age, the BaO-terminations were confirmed at the bottom and top interfaces of the BTO.
This is different than the TiO2-termination of the BTO at the top interface observed
in Figure 3.1.3. This can be caused by the different deposition conditions for the top
electrode, such as temperature and oxygen pressure, beam energy, etc. In particular, in
the Nb:STO/ SRO/ BTO/ SRO heterostructure, the SRO layer was deposited after the
ex-situ cool down process.
To precisely elucidate the chemical composition at interfaces the intensity of the
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HAADF image was quantitatively analysed. The intensity of each atomic column in
the HAADF image was measured by a peak finding algorithm using Gaussian fitting
method which is available in ’iMtools’ software package [90]. Then the intensities of all
atomic columns in the same layer were summed up. As a result, the intensity profile as
a function of layer number is shown in Figure 3.1.4(b).
At the interface between the substrate and bottom electrode, a significant decrease
in the intensity of a single atomic layer was observed. The layer position was marked
by a red arrow in3.1.4(b). A decrease in intensity of the HAADF image indicates the
existence of intermixing of TiO2 and RuO2 columns at this interface.
Although an area with perfect epitaxial growth of the Nb:STO/ SRO/ BTO/ SRO
heterostructure is observed in Figure 3.1.4, this specimen shows bad quality of the epi-
taxial growth in most of the interfacial regions. An HAADF image at low magnification
exhibits an overview of the cross sectional specimen (Figure 3.1.5). Figure 3.1.5 (a) shows
only the epitaxial SRO layer on top of the substrate, but the other layers on the bottom
electrode are not epitaxially grown. In Figure 3.1.5 (b), a discontinuous top electrode
is observed and perfect epitaxial growth from bottom to top electrode is shown in (c).
Several cross sectional specimens prepared by FIB milling were checked and they were
studied in the same manner. Similar results were observed in terms of the epitaxial
growth.
3.1.4 in-situ and ex-situ deposition of SrRuO3 on the BaTiO3
layer
In order to achieve better quality of the ferroelectric heterostructure, it was required
to understand the growth of the SRO layer as a function of the growth condition after
the deposition of the BTO layer. A comparison between two differently grown samples
was performed under the following conditions. After the deposition of BTO layer the
sample was cooled down in 1 atm O2. Then it was heat up at 0.1333 mbar oxygen partial
pressure and the SRO layer was deposited. Finally, it was again cooled down in 1 atm
O2. It was believed that during the cool down process, the surface of the BTO layer
can be self-ordered, leading to the atomically sharp surface, and therefore the successful
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Figure 3.1.4: (a) HAADF image of the Nb:STO/ SRO/ BTO/ SRO heterostructure
and (b) the intensity analysis of the HAADF image. The existence of atomically sharp
interfaces are proved and the bottom and top interface of BTO shows BaO termina-
tion. The intensity of each atomic layer is measured by a peak finding algorithm using
Gaussian fitting and summed up. Atomic column positions at interfaces are denoted
by different colour circles: Ba: red , Sr: yellow, Ru: pink, Ti: green, O: blue. The red
arrow indicates the position of intermixing of the TiO2 and RuO2 layers.
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Figure 3.1.5: Overview HAADF image of the Nb:STO/ SRO/ BTO/ SRO het-
erostructure projected along the [-110] direction.
epitaxial growth of the SRO layer can be achieved. As reference sample, the SRO layer
was directly deposited without cooling down process. The former is here referred to as
ex-situ deposition of the top electrode, the latter as in-situ deposition.
The surface structures of the SRO layers were investigated by atomic force microscope
(AFM) as shown in Figure 3.1.6 (T. Menke, PGI-7). The SRO layer deposited directly on
the BTO layer showed no step-terrace surface structure, whereas the SRO layer deposited
after the cooling down process exhibited step-terrace surface structures. From the surface
images by AFM, it is expected that the sample without the heat treatment was not grown
epitaxially or had a bad crystallinity.
Although distinctive surface morphologies between samples with different epitaxial
growth conditions were observed, there is still no a direct insight into the layer structure
of the samples. Thus, cross section specimens were prepared by FIB and were investigated
by aberration corrected TEM. During the FIB preparation it was mandatory to reduce
any possible surface damage resulting from high energetic Ga+ ions accelerated by 30
kV. For reducing those artefacts, low kV cleaning was applied as reported by Bals et al.
[66]. By lowering the accelerating voltage from 30 kV to 5 kV about 70% of the surface
damage reduction was expected for Silicon as calculated by Monte Carlo simulation (see
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Figure 3.1.6: The surface morphologies of the Nb:STO/ BTO/ SRO heterostructures
imaged by AFM. (a) The SRO layer was deposited directly after the deposition of the
BTO layer (in-situ). (b) the SRO layer was deposited after the cooling down process
on top of the BTO layer.
Section 1.4). Finally 2 kV milling was used to clean specimen surfaces. From Monte
Carlo simulations, the damage depth was expected to be below 2 nm for Silicon .
To obtain information about the interfaces, HAADF imaging was applied due to the
benefit of the Z-contrast. HAADF images of two differently grown samples are shown
in Figure 3.1.7 and3.1.8. HAADF images are obtained along the [100] direction of the
ferroelectric heterostructure. For comparison two different epitaxial growth conditions
of top electrode, but the same layer stack of Nb:STO/ BTO/ SRO were used. The
only difference is an additional cooling down step after the deposition of BTO layer.
Figure 3.1.7 shows an HAADF image of the specimen in which the top electrode SRO
was directly grown after the BTO layer. The bottom interface of the BTO layer shows
atomically sharp interface with BaO termination, while ill-defined interface was found
at the upper interface. At the upper interface of the BTO layer, both BaO and TiO2
termination coexist.
Regarding the growth of the SRO layer, an atomically flat termination of the under-
lying BTO layer is required. Unlike the STO substrate, applying the chemical etching
process to the BTO layer could lead to artefacts and an unwanted modification of the
epitaxial growth. Avoiding this treatment, after the deposition of the BTO layer, the
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Figure 3.1.7: HAADF image of the in-situ deposited top electrode consisting of a
SRO layer on the BTO layer. At the top interface, the coexistence of TiO2 and RuO2
is observed.
samples was cooled down, expecting the self-ordered surface of the BTO layer. This can
give rise to an wide area with s single TiO2-termination, enhancing the crystal quality of
the SRO layer.
Figure 3.1.8 shows an HAADF image along the [100] orientation of the specimen with
the ex-situ deposition of the SRO layer. In Figure 3.1.8, the single TiO2 termination was
clearly observed at the top interface of the BTO layer with an unit cell step. In addition,
It was also assumed that the additional step enhances the crystal quality of the SRO
layer, but it is still ambiguous because both samples showed comparable crystal quality
of the SRO layer.
As discussed here, the surface structure analysis by AFM was not enough to reveal
the SRO growth quality by PLD. The surface image taken by AFM could only show the
existence of the step-flow structure at the surface. After investigation of cross-sectional
specimens using TEM, the atomic structure at the interfaces became obvious. The addi-
tional step helped having single terminated surface of the BTO layer, but perfect uniform
termination was not obtained. The difference in the crystal quality of the SRO layer be-
tween two samples is hardly seen in this comparison.
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Figure 3.1.8: HAADF image of the ex-situ deposited top electrode of the SRO layer
on the BTO layer. At the top interface, the TiO2 terminating layer with an unit cell
step is observed. The area with the unit cell step is indicated by a blue arrow.
3.1.5 Nb:SrTiO3/ SrRuO3/ BaTiO3/ SrRuO3 heterostructure
As shown in Figure 3.1.5, the epitaxial growth of the SRO top electrode in the Nb:SRO/
SRO/ BTO/ SRO heterostructure could not be successfully achieved for a large area of
the sample. It is assumed that the growth condition for the BTO layer on the SRO layer
should be altered to obtain the overall epitaxial growth of the heterostructure. As for
the previous samples, the STO substrate was chemically etched to obtain single TiO2-
termination. The STO layer was deposited at 650◦C and an oxygen partial pressure of
0.133 mbar. The BTO layer was deposited on the SRO layer, in particular, at 600◦C
and an oxygen partial pressure of 0.001 mbar, while the BTO layer was deposited at
800◦C and an oxygen partial pressure of 0.05 mbar. After the deposition of the BTO
film. the sample was cooled down in air, expecting a flat surface of the BTO film. As a
top electrode, a symmetrical SRO layer was deposited at the same growth condition as
the bottom electrode. The whole epitaxial growth was carefully monitored by an in-situ
reflection high-energy electron diffraction (RHEED) system.
The HAADF image of the Nb:STO/ SRO/ BTO/ SRO heterostructure is shown
in Figure 3.1.9. A 5 - 6 unit cells thick BTO layer is successfully deposited between
the symmetrical SRO electrodes. In a large area, the surface termination of the Nb:STO
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Figure 3.1.9: HAADF image of the Nb:STO/ SRO/ BTO/ SRO heterostructure.
An atomically sharp interface is not observed between the STO substrate and the
SRO bottom electrode. The BTO layer is terminated by the BaO layer at the bottom
interface (green arrow), but at the top interface the coexistence of the TiO2 (the area
with a red rectangle) and BaO layer (the area with a yellow rectangle).
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substrate is not successfully achieved. According to the HAADF image, the rough surface
structure at the interface was observed and denoted by red arrows in Figure 3.1.9 (a).
The yellow arrow marks the last complete TiO2 layer. Despite of the rough surface of
the substrate, the SRO bottom electrode is grown epitaxially. The following BTO and
SRO layers also show the successful epitaxial growth. It can be concluded that the new
growth condition of the BTO film on the SRO layer leads to the perfect desired Nb:STO/
SRO/ BTO/ SRO heterostructure.
Regarding the termination of the BTO layer, we found the BaO-termination at the
bottom interface as in other systems. But, at the upper interface, both BaO and TiO2
termination were observed, though the sample was cooled down after the deposition of
the BTO layer. According to the result shown in Figure 3.1.8, the TiO2 termination
is expected because of the cooling down process after the deposition of the BTO film.
In contrast, the coexistence of the BaO and TiO2 termination at the upper interface is
clearly verified by evaluating the Z-contrast of the HAADF image in Figure 3.1.9 (b).
Therefore, we cannot conclude that the cooling down process always leads to a single
TiO2 termination at the upper interface.
3.2 Ferroelectricity of the compressively strained ul-
trathin BaTiO3 film
In the previous section, the terminations of the ferroelectric thin films were thoroughly
studied by HAADF imaging, optimising the epitaxial growth parameters of PLD depo-
sition. The prominent problem of ferroelectric thin film capacitors is the existence of
the critical thickness which hinders miniaturising memory devices. In order to overcome
this problem, the epitaxial compressive strain can be used to enhance ferroelectric po-
larisation leading to larger tetragonal distortion. In the following section, the tetragonal
distortion of ferroelectric heterostructures was determined by employing drift-corrected
HAADF imaging at the unit cell level. The atomic displacements of the Ti-ion columns
with respect to the centre of the perovskite structure was subsequently analysed. The
observations of the tetragonal distortion and the atomic displacements of Ti-ion columns
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are important, since both are closely related to the ferroelectric polarisation.
3.2.1 Tetragonal distortion and atomic displacements in the ul-
trathin BTO film strained by STO
The STO/ (BTO)×6/ BaRuO3 (BRO)/ SRO heterostructure was deposited by PLD.
The film growth during the deposition was carefully monitored by the in-situ RHEED
detector. In order to avoid the unstable growth of the BTO film on top of the SRO
electrode as shown in Figure 3.1.2, seven unit cells of BTO were directly deposited on the
STO substrate. In particular, the BRO layer was additionally deposited on the BTO thin
film to obtain a sharp interface and change the last layer sequence of the BTO film. As
the previous experimental results in Section 3.1, the epitaxially grown BTO thin film on
the STO substrate is predominantly terminated by the TiO2 layer with locally observed
mixed terminations. By adding this additional layer, the predominant BaO-TiO2-SrO
layer sequence can be changed into the BaO-TiO2-BaO layer sequence. As a result, the
last TiO2 layers at the top interface of the BTO film only have neighbouring BaO layers.
It could be expected that there is an effect of the chemical bonding at the interface on
the ferroelectric properties, as demonstrated by other papers [80–82]. Then 15 unit cells
of the SRO top electrode are deposited and subsequently about 30 nm of the amorphous
STO top layer (a-STO) as the top protecting layer.
Although HAADF images acquired by aberration-corrected STEM provide an atomic
resolution with reasonable chemical sensitivity, a long acquisition time is inevitably re-
quired for obtaining the appropriate SNR of HAADF images in the STEM mode. In
general, the required long acquisition time leads to local image distortions preventing a
precise determination of atomic column positions. To reduce image distortions resulting
from the inherent scanning fashion, in particular, sequential imaging with a short acqui-
sition time per frame was carried out. The specimen drift was corrected frame by frame
using the cross-correlation algorithm implemented in iMtools [90]. Subsequently, the
drift-corrected images were averaged out. As a result of this procedure, a drift-corrected
HAADF image with improved SNR was successfully obtained.
For HAADF imaging, the probe size was 0.08 nm. The inner and outer radius of the
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annular dark field detector was 80 and 500 mrad, respectively. To minimise the drifts
of the lens aberrations and the defocus parameter due the internal instabilities, prior to
sequential imaging, the astigmatism and coma were carefully corrected with the use of
Ronchigram and the defocus parameter was set to obtain an optimum contrast.
In Figure 3.2.1, HAADF images at 1 sec (a), 18 sec (b) and 30 sec (c) are displayed,
respectively. Each single image was recorded with one second per frame. Thirty images
were taken for thirty seconds in total. When observing the last atomic columns on the
right border of the images, the drift of the atomic column positions is clearly visible. Fig-
ure 3.2.1 (d) demonstrates the measured image displacements during the recording time
of thirty seconds in two dimensions. According to the result of the image displacement
measurement by the cross-correlation algorithm [90], it is confirmed that the specimen
drifts for 30 seconds amount to about 3.24 A˚ along the x- axis and about 4.45 A˚ along the
y-axis. Although the specimen was inserted about 12 hours before this particular TEM
investigation, a small amount of specimen drift is still observed. This effect can not be
neglected for the quantitative lattice spacing analysis.
A drift-corrected HAADF image of the STO/ BTO/ BRO/ SRO heterostructure
projected along the [100] direction is shown in Figure 3.2.2. By employing sequential
imaging with a short acquisition time per frame, no drift-induced image distortion is to
be observed and the SNR of the HAADF image is significantly improved. Hence, this
technique makes it possible to quantitatively analyse the HAADF image in terms of the
intensity and atomic column positions.
The tetragonal distortion of BTO can contribute to improving ferroelectric properties.
The tetragonality of BTO was observed by measuring in-plane and out-of-plane lattice
spacing at the unit-cell level. Here, in-plane denotes the lattice plane spacings parallel to
the interface planes and out-of-plane perpendicular to the interface planes. The atomic
column positions extracted by least squares fitting of Gaussian profiles [91] make it possi-
ble to quantitatively analyse the local distortion on the single unit cell level. Figure 3.2.3
shows the results for the in-plane and out-of plane lattice spacing as a function of the
unit cell number counted from the substrate to the top electrode.
The distance between A-site cations (Ba or Sr) was measured in each unit cell and av-
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Figure 3.2.1: (a-c) HAADF images at different frame time and (d) displacements of
frame images along the x and y direction as a function of the recording time. The last
atomic columns on the right border of the images are indicated by red arrows, clearly
showing the existence of the specimen drift. One pixel corresponds to the 0.135 A˚ in
(d).
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Figure 3.2.2: The drift-corrected HAADF image of the STO/ BTO/ BRO/ SRO
heterostructure projected along the [100] direction. The specimen drift was minimised
using the sequential acquisition method with a dwell time of 1 µs per pixel. However,
no other data processing or noise filtering was utilised. The atomic column positions
are marked by circles in different colours. The bottom and top interface are indicated
by thin a red and yellow arrow, respectively. By adding the BRO thin layer, a sharp
interface with the BaO-TiO2-BaO layer sequence is successfully obtained. (b) is the
enlarged image of the ferroelectric film area in (a). In (b), an average out-of-plane and
in-plane lattice spacing in BTO of 4.22 and 3.90A˚, respectively, and a tetragonality
(c/a) of 1.08 is determined.
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Figure 3.2.3: The quantitative in-plane (red) and out-of-plane (black) lattice spacing
analysis of the HAADF image shown in Figure 3.2.2. In the lower graph, the atomic
displacements of B-site cations (Ti and Ru, respectively) with respected to the centre
of the perovskite structure along the [001] direction (blue) was measured. Standard
deviations are represented by error bars.
eraged along the [100] direction. All lattice spacings were subsequently normalised using
the averaged in-plane lattice spacing of STO with a nominal value of 3.90 A˚. Error bars in
Figure 3.2.3 correspond to the standard deviations. From the quantitative lattice spacing
measurement, the tetragonal distortion of the BTO layer is clearly verified, while the STO
substrate displays cubic symmetry. As shown in Figure 3.2.3, a maximum value in tetrag-
onality is observed in the middle of the BTO layer. The tetragonality slightly decreases
at the interfaces. This reduction was also observed at the interfaces of PbZr0.2Ti0.8O3
by Jia et al. [92]. This indicates that the chemical bonding at the interfaces affects the
tetragonal distortion of ferroelectric materials. The average value of tetragonality calcu-
lated from seven unit cells in BTO is 1.08. The measured tetragonality (c/a) of 1.08 is
considerably larger than the reported value of 1.016 for the bulk form of BTO [93]. The
in-plane lattice spacings of STO and BTO are 3.90 A˚ and 4.01 A˚, respectively. The misfit
of about - 2.8 % of the in-plane lattice spacing induces compressive epitaxial strain and
leads to the enhancement of the tetragonal distortion in the BTO layer, showing a good
agreement with the experimental and theoretical value for the strained BTO thin film
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Figure 3.2.4: (a) HAADF image of the heterostructure without the BRO layer pro-
jected along the [010] direction and (b) the corresponding quantitative in-plane (red)
and out-of-plane (black) lattice spacing analysis and the off-centre displacement of the
B-site cations (blue, lower curve).
[86].
Moreover, the atomic displacements of the B-site cations (Ti and Ru) with respect
to the centre of the perovskite unit cell were measured quantitatively. As shown in
Figure 3.2.3, the Ti ions in BTO are displaced by 25 ± 5 pm towards the electrode,
whereas almost no displacement of Ru is observed in the BTO layer. However, a small
displacement of Ti is also detected in the STO substrate. The small displacement value
measured for Ti in the cubic STO phase can be attributed to the effect of residual lens
aberrations or a slight local mistilt of the specimen. Hence, the tetragonality (c/a) of
1.08 and the Ti atomic displacement of about 25 pm along the [001] direction clearly
indicate the presence of ferroelectricity in the seven unit cells thick BTO layer.
In order to clearly verify the effect of the termination of the BTO thin film on fer-
roelectricity, the tetragonality and the off-centre displacement of the Ti ions along the
[001] direction in the reference heterostructure without a BRO layer discussed in Sec-
tion 3.1.2 were studied in the same manner (Figure 3.2.4). As shown in Figure 3.2.4 (b),
the tetragonality of the BTO thin film is about 1.08 and the Ti off-centre displacement
of about 5 ± 7 pm were observed. Compared to the analysis of the heterostructure with
the additional BRO layer, the tetragonality remains unchanged, while the Ti off-centre
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Figure 3.2.5: Quantitative intensity analysis of the HAADF image shown in Fig-
ure 3.2.2. The intensity profile shows a line trace extracted perpendicular to the layer
system. Intermixing of Ba and Sr between 14 and 16 layers is marked by the red
rectangles.
displacement becomes substantially smaller in this reference specimen. This result can
be attributed to the effect of the distinctive terminations of the BTO thin films.
To support this result, the electric property measurements should be performed in the
future. In addition, an insulating pure STO substrate is used for the former sample, while
a conducting Nb-doped STO substrate is used for the reference sample. In this case, the
different electric fields at the bottom interfaces can additionally affect the ferroelectric
properties of the BTO thin films.
Furthermore, the drift corrected HAADF imaging enables a quantitative analysis
of intensity and atomic column positions with negligible delocalisation of signals. The
atomic column positions and their intensities from Figure 3.2.2 were extracted by least
squares fitting of Gaussian profiles following a previously reported procedure using the
iMtools software package [90, 91].
Figure 3.2.5 displays the intensity profile as a function of the layer number counted
from the substrate to the top electrode in Figure 3.2.2. According to the intensity profile
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in Figure 3.2.5, seven unit cells of BTO on STO are clearly visible. At the last Sr
layer (14th layer) of the STO substrate, an increase of the intensity is observed, while the
intensity of the first Ba layer (16th layer) in the BTO film decreases abruptly. Intermixing
of Ba and Sr between both layers can affect the change in intensity at layer 14 and 16. The
layers affected by intermixing are marked by the red rectangles, in Figure 3.2.5. In the
STO substrate, the intensity of Sr and Ti columns remains almost constant. Therefore,
a significant thickness variation of the specimen can be excluded. In SRO, local intensity
variations in Sr and Ru layers are noticeable. It is attributed to the damage resulting
from the specimen preparation by ion beams.
3.2.2 Crystal field splitting effect on the Ti-L23 edge
As shown in Section 3.2.1, the enhanced tetragonal distortion and the relative shift of
the Ti ions of the BTO thin film strained by STO could be observed by drift-corrected
HAADF imaging. However, as mentioned previously, residual lens aberrations and a
slight local mistilt of the specimens can give rise to a distortion of the intensities in
HAADF images. Although the microscope was carefully aligned and the specimen was
precisely tilted, the effects of this signal delocalisation can not be completely excluded.
In support of the direct observation of local atomic column displacement by HAADF
imaging, EELS can be applied to study the local atomic environment of the correspond-
ing species. The energy-loss near-edge fine structure (ELNES) of the Ti-L23 edge shows a
high sensitivity to subtle changes in the local neighbourhood of octahedrally coordinated
titanium ions. As well known examples, rutile and anatase are two phases of TiO2 which
have very similar short-range atomic environments. However, significant changes in the
ELNES of the Ti-L23 edge resulting from slightly different distortions of the TiO6 octa-
hedra were clearly detected by EELS [30]. Torres-Pardo et al. [94] obtained information
on local structural variations in ferroelectric PbTiO3 and STO superlattices using spec-
troscopic mapping on the unit cell level. Moreover, the fine structures of Ti-L23 edges
can not be affected by small local mistilts of the TEM specimen. Therefore, observing
the ELNES of Ti-L23 edges is an alternative way to verify local structural distortions and
atomic displacements.
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Due to the benefits previously explained in Section 1.3.3, StripeSTEM [48] is applied
to observe the fine structure of the Ti-L23 edges in the previously investigated ferroelectric
heterostructure (STO/ BTO/ BRO/ SRO). A probe convergence angle (α) of 25 mrad and
an effective collection angle (β) of 16 mrad were used. The energy resolution determined
by the full width at half maximum (FWHM) of the zero-loss peak was about 0.8 eV. To
obtain the Ti-L23 edge (∼ 464 eV ) and O-K edge (∼ 540 eV), a dispersion value of 0.1
eV/channel was used with the 2k x 2k pixel CCD camera. Then, the effective energy
range becomes about 200 eV, covering the both Ti-L23 edge and O-K edge simultaneously.
Figure 3.2.6 (a) shows an experimental HAADF image and the stack of EEL spectra
of the ferroelectric heterostructure acquired using StripeSTEM. 90 EEL spectra were
recorded in total with an acquisition time of one second per spectrum. In Figure 3.2.6(b),
a series of EEL spectra of the Ti-L23 edge is displayed which covers the range from the
bottom interface (STO / BTO) to the top interface (BTO/ BRO/ SRO).
In general, one can separate four distinctive peaks in the Ti-L23 edge of cubic STO.
The L3 and L2 edges are separated by the spin-orbit coupling and each edge contains t2g
and eg peaks because of crystal field splitting (CFS). According to crystal field theory,
the crystal field strength is proportional to the repulsion between the d-orbitals of the
cations (Ti4+) and the anions (O2−). In this theory, the anions are considered as negative
point charges. Thus, an inverse relationship between CFS and the average Ti-O bond
length can be accounted for by crystal field theory [95]. CFS effect on the Ti-L23 edge
was explained in detail in Section 1.3.5.
A´vila-Brande et al. [96] observed a decrease in the ∆L3 value of the STO layers grown
on DyScO3 (DSO) and GdScO3 (GSO). The lattice spacings of DSO and GSO are 3.95
A˚ and 3.97 A˚, respectively, which are larger than the one of STO (3.90 A˚). These larger
lattice spacings introduce tensile strain in the STO layers. Therefore, the average Ti-
O bond length in STO became larger and a decreased ∆L3 value was observed in the
STO films strained by DSO and GSO. In particular, a linear decrease of the crystal
field splitting with an increase in tensile strain was confirmed based on calculated and
experimental values.
By observing the fine structure of the Ti-L23 edge in Figure 3.2.6 (b), across the
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Figure 3.2.6: (a) StripeSTEM. Top: the EELS stacks showing the Ti-L23 and O-K
edges, bottom: the corresponding HAADF image. The positions of the relevant spectra
at the top and bottom interface are denoted by red arrows with the spectrum numbers
in the HAADF image. (b) A series of EEL spectra of the Ti-L23 edge which covers the
range from the bottom to the top interface.
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STO, BTO (bulk) and BTO (thin film, 7 unit cells).
bottom interface region, subtle changes in ∆L3 (E(eg)-E(t2g)) are observed, which is
closely related to the changes in crystal field splitting. For showing clearly the changes
in the ∆L3 value, the t2g and eg peak positions of the L3 edge in STO are marked by
vertical lines in Figure 3.2.6 (b). In particular, the eg peak in BTO shifts to lower energy,
thus decreasing the ∆L3 value of the Ti-L3 edge. In cubic symmetry (STO), the energy
of the dx2−y2 and dz2 orbitals in the eg state are degenerate, showing a single sharp peak
of the eg state. In tetragonal symmetry (BTO), a splitting of the eg peak occurs, because
the degeneracy of the dx2−y2 and dz2 orbitals is broken, i.e. the energy of the dz2 orbital is
lower than the one of the dx2−y2 orbital. Thus, in the tetragonal BTO, the additional eg
peak splitting is expected, but it is barely resolvable in experiment, due to the limitation
of the energy resolution. This effect is rather observed as a peak broadening [94, 97, 98].
In addition, the mean Ti-O bond length in the BTO thin film is larger than in the STO
substrate. Hence, in the tetragonal BTO thin film, the eg peak broadening as a result of
the symmetry change and the larger Ti-O bond length leads to a reduction of the crystal
field splitting on the Ti-L3 edge.
To precisely measure the ∆L3 values of the Ti-L3 edges in the STO substrate and the
BTO film, the Ti-L23 edges were summed over 6 spectra obtained by StripeSTEM in the
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middle of the STO and BTO layer. The background signals of three spectra were fitted
by a power-law function and then subtracted. Figure 3.2.7 (b) shows a comparison of our
experimentally measured Ti-L23 edges for STO and strained BTO thin film (7 unit cells).
The peak positions in the EEL spectra were determined by fitting Lorentzian functions
to the four peaks. The python code for the determination of peak positions can be found
in Appendix I. As a result, the ∆L3 value of the strained BTO thin film and of STO is
1.93 and 2.24 eV, respectively.
In addition, in Figure 3.2.7 (b), the ∆L3 value of the strained BTO thin film is
compared to the one of bulk BTO, which was separately measured. The measured ∆L3
value of the bulk BTO is 2.01 eV. It can be seen that there is a small difference in the ∆L3
values of the thin film and the bulk BTO. The enhanced tetragonal distortion caused by
the compressive epitaxial strain of STO results in additional changes in the Ti-O bond
length and bond angle. These changes are reflected in a smaller value of the ∆L3 in
the strained ferroelectric BTO thin film compared to the bulk BTO. Figure 3.2.7 (a)
shows the schematic structure models of ferroelectric BTO and paraelectric STO. In
ferroelectric BTO, the Ti ion moves away from the centrosymmetric position, showing
non-centrosymmetric tetragonal symmetry.
Moreover, in the BTO thin film, an asymmetric broadening in the eg peak of the
Ti-L3 edge is observed. For both centrosymmetric and non-centrosymmetric tetragonal
structures, the additional splitting of the eg state is expected, because the degeneracy
of dx2−y2 and dz2 orbitals is not preserved. This splitting leads to the eg peak broad-
ening in the experiment. In particular, the peak broadening occurs in a different shape
between centrosymmetric and non-centrosymmetric tetragonal structures. This observed
asymmetric broadening in the eg peak is attributed to the non-centrosymmetric Ti ion
position in the TiO6 octahedra as demonstrated by Jan et al. [99] who observed the same
feature using x-ray absorption near-edge structure (XANES) analysis. Torres-Pardo et
al. [94] proved that this asymmetric broadening does not occur in tetragonally distorted
paraelectric PbTiO3 based on density functional theory within the local density approx-
imation. Thus, the smaller value of ∆L3 and the asymmetric broadening are strong
evidences for the presence and enhancement of ferroelectricity in the ultrathin BTO film
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strained by STO. This result is in good agreement with a Ti off-centre displacement of
25 pm along the [001] direction, as determined from the drift-corrected HAADF image
in Figure (3.2.3).
3.3 Modelling of ELNES on the Ti-L23 and O-K edge
using FEFF 8.5
EEL spectra implicitly contain local electronic, chemical and structural information. In
particular, the fine structures of the inner-shell ionisation edges are highly sensitive to
the chemical bonds and the local atomic environments around the exited atom. This fine
structure is closely related to the local site- and symmetry-projected unoccupied density
of states, which is the well know local projected density of states (LDOS) [25], as has
been explained in detail in Chaper 1.3.1.
The study of the electron energy-loss near edge structures (ELNES) of the Ti-L23 edge
and O-K edge in the perovskite structure is of importance because of its sensitivity to
the local chemical bonding, valence states and symmetry of the excited Ti and O atom.
In spite of a large amount of information contained in the ELNES, its interpretation is in
general not straightforward. In order to understand the origins of the fine structures on
inner-shell ionisation edges, accurate spectral modelling is required and the interpretation
of the fine structures should be carried out in terms of the electronic structure calculation.
In this section, the ELNES calculations of the O-K and Ti-L23 edges in BTO and
STO are carried out using FEFF 8.5 based on the real space multiple scattering (RSMS)
theory [41, 100]. Comparisons of experimental and calculated results are performed, in
which the theoretical calculations provide the detailed description of the Ti-L23 and O-K
edges in STO and BTO.
Prior to showing the results of the theoretical calculations, experimentally recorded
EEL spectra of the BTO thin film and the bulk STO are compared in Figure 3.3.1. As
shown in Figure 3.2.7, the experimental EEL spectra of the ferroelectric heterostructure
(STO/ BTO/ BRO/ SRO) obtained using StripeSTEM are used and fifteen spectra in
the middle of the BTO thin film (BTO thin film) and the STO substrate (bulk STO) are
104 Chapter 3. Characterisation of ultrathin BaTiO3 films by TEM
440 460 480 500 520 540 560 580 600
Energy (eV)
1000
0
1000
2000
3000
4000
5000
In
te
ns
ity
 (a
. u
.)
BaTiO3
SrTiO3
Ti-L23
O-K
440 460 480 500 520 540
Energy (eV)
1000
0
1000
I
Figure 3.3.1: Comparison of the Ti-L23 edges and O-K edges between the STO
substrate and the BTO thin film. The background signals of the EEL spectra were
subtracted by a power-law algorithm. The inset shows the enlarged spectra of the area
indicated by the red dotted circle.
summed up.
When comparing both spectra in Figure 3.3.1, there are distinct differences in the fine
structures, such as the shape of peaks on the Ti-L23 edge and the splitting on the O-K
edge between the BTO thin film and the bulk STO. The detail descriptions of the fine
structures on the ionisation edges will be given by comparisons with calculated spectra
later.
In addition, beyond the Ti near-edge region, one observes a shift of the two distinctive
peaks towards lower energies in the BTO thin film. The corresponding area in EEL
spectra is marked by the red dotted circle and is enlarged and the enlarged two spectra
from the marked area are shown in the inset in Figure 3.3.1. This feature was previously
identified by Zhang et al. [98]. The energy separation of the two peaks are about 6 eV,
roughly corresponding to the separation of eg peaks between L2 and L3 edges in STO.
Both peaks are shifted by about 1.7 eV in the STO thin film. However, the energy
separation of the two peaks could not be precisely measured in BTO, because of the
bad signal to noise ratio and the overlap with the eg peak on the L2 edge. The authors
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expected that the interatomic distance variation may result in a small change in the
charge transfer showing a small shift of the two peaks.
In general, in the extended oscillation regions, i.e. the regions far above the edge onset
energy region, the higher kinetic energy leads to a short inelastic mean free path, while
single elastic scattering of the excited electrons occurs predominantly. Therefore, short-
range order information of the excited atom, especially bond lengths, can be obtained in
the extended oscillation regions [27, Chapter 6].
ELNES of the O-K edge
The experimentally recorded O-K edges between BTO and STO are compared in Fig-
ure 3.3.2. Overall five peaks A to E are visible in both spectra. However, there are two
main differences. The shape of the B peaks in BTO and STO appear to be different and
an additional peak splitting (C1 and C2) is only observed in BTO, while a single peak
(C) is found in STO. In addition, the splitting of the eg states was not clearly resolvable
in both spectra because of the bad signal-to-noise ratio. The coarse positions of the split-
ting are indicated by the red arrows in in Figure 3.3.2. It was confirmed that the energy
separation between A and the splitting position corresponds to the crystal field splitting
on the Ti-L23 edge [98, 101, 102].
In order to understand in detail the information on the fine structures, theoretical
calculations ware performed using the commercial FEFF 8.5 code based on the RSMS
theory (for details see Chapter 1.3.2). One of interesting features of FEFF 8.5 is the
shell by shell calculation which gives the possibility of identifying the specific peak in the
EEL spectra with respect to scattering events from particular shells in the cluster. Here
the shell is defined by the equidistant atoms from the excited atom. A single shell can
contain more than one atom species.
The shell by shell calculation was performed for bulk STO and the effect of increasing
cluster size on the fine structures is shown in Figure 3.3.3 (a). According to the result,
the peak A originates from the first shell, which corresponds to the nearest titanium ions.
The second shell contributes to the the peak C. This shell contains the nearest oxygen and
strontium ions. The peak B is predominantly affected by the third shell corresponding to
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Figure 3.3.2: Comparison of O-K edges in bulk STO and the BTO thin film. The
spectra were extracted from the EELS stack acquired using StripeSTEM. Each spec-
trum is the sum of fifteen spectra from the EELS stack.
the second nearest oxygen ions. Almost all of the overall peaks are reproduced after the
third shell, and the fine structures vary slowly with an increase of the cluster size. The
fine structures are almost converged after the inclusion of nine shells. However, when the
spectrum with ten shells is compared to the last spectrum with seventeen shells, there
are still differences in the fine structures. In any ELNES calculation with FEFF 8.5, one
should consider the convergence of the fine structures with respect to the full multiple
scattering (FMS) cluster size. The calculation should be repeated as the cluster size
increases, until the fine structures are fully converged. The appropriate cluster size has
not been well known, but the spectra are typically converged for a cluster size of about
150 atoms, depending on the core-hole life time [100].
In Figure 3.3.3 (b), the calculated O-K edge in bulk STO is compared with the exper-
imental O-K edge. The calculated spectrum is shifted with respect to the experimentally
recorded spectrum. Though the potentials are self-consistently calculated in FEFF 8.5,
the absolute onset energy is not precisely determined. An energy shift of 7 eV in the
calculated spectrum was obtained by changing the real part of the self-energy (Σ(E)).
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Figure 3.3.3: (a) the shell by shell calculation of the O-K edge in STO. (b) Comparison
of the O-K edge with the spectrum calculated by FEFF 8.5. The intensities of both
spectra are normalized and the calculated O-K edge is aligned with respect to the
experimental O-K edge.
Comparing the two spectra, the overall fine structures are well reproduced in the calcu-
lated spectrum. However, there are still discrepancies in the relative intensities and the
absolute peak positions. In spite of the background removal by the power-law algorithm,
the multiple scattering effects still remain in the extended oscillation region, increasing
the overall intensity after the peak C.
FEFF 8.5 provides the calculation of the site- and symmetry-projected densities of
states (LDOS). The spectral features can be correlated with the transitions to particular
states by comparison of LDOS and ELNES. The angular momentum-projected local
densities of states (LDOS) are calculated for each atom in the cluster. In Figure 3.3.4,
the calculated LDOS of the s-, p-, and d-states for oxygen and the d -state for strontium
are shown. The LDOS of the Sr d -state is scaled by the factor of 0.1 along the intensity
axis. As a result, it is obvious that the O p-DOS (Figure 3.3.4) corresponds to the near-
edge structure of the O-K edge (Figure 3.3.3), as expected by the dipole selection rule [35].
According to the dipole selection rule, the matrix element is non-zero, only if ∆l = ±1,
where ∆l is the change in the angular-momentum quantum number. For example, when
considering the ionisation edge from the K shell, significant transitions only occur to the
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Figure 3.3.4: LDOS calculation of Oxygen and Strontium in STO.
p-states (l = 1). Besides, from the LDOS of Sr d -state, one can estimate that the B peak
is originating from the hybridisation of O p- and Sr d -states.
As in the case of the ELNES calculation of the O-K edge in STO, the same ap-
proach was applied to understand the spectral features of the O-K edge in BTO. The
crystal structure of the tetragonal BTO is obtained by analysing the experimental data
[103]. Two different oxygen sites were considered and the corresponding ELNES was
separately calculated and the experimental and calculated O-K edges are compared in
Figure 3.3.5 (b). The intensities of both spectra are normalised and the calculated O-K
edge is aligned with respect to the experimental O-K edge. The overall spectral features
of the O-K edge in BTO are well reproduced by the calculation using FEFF 8.5. How-
ever, as the result of the O-K edge calculation for BTO, the self-energy estimation was
not successful, leading to a strong energy dependent shift of the spectral features to the
onset energy. Therefore, the relative peak positions show discrepancies with respect to
the experimental spectrum. In spite of a failure of the absolute peak position estimation,
the splitting of the C1 and C2 peaks is clearly observed in the calculated O-K edge. In
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Figure 3.3.5: (a) Shell by shell calculation of the O-K edge in BTO (O1). (b) Com-
parison of the O-K edge with the one calculated by FEFF 8.5. In the tetragonal BTO,
there are two different crystallographic sites which have slightly different nearest neigh-
bouring atoms. These two different excited Oxygens are considered in the calculation.
contrast, this splitting was not observed in the O-K edge of STO. Therefore, these fea-
tures can be considered as a characteristic signal differentiating between BTO and STO.
Though this signal can be used as a fingerprinting feature, the origin of this splitting
is still ambiguous. By applying the shell by shell calculation, the C1 peak arises from
the inclusion of the third shell and then the intensity increases continuously. The third
shell contains the nearest Ba ions with a distance of about 2.79 A˚. This confirms the
contribution of Ba to the peak splitting of C1 and C2.
To understand the effect of Ba on the peak splitting in terms of the electronic struc-
ture, the LDOS of Oxygen and Barium was calculated and the important LDOS features
are shown in Figure 3.3.6. According to the dipole selection rule, the significant tran-
sitions to the O p states occur for the excitation from the K shell. The LDOS of O p
states reproduces the overall spectral features. However, a strong contribution of the Ba f
states to the peak C1 is observed. Bugnet, Radtke, and Botton [102] confirmed the effect
of the Ba 4f states on the peak C1 using calculations with the band structure approach.
The authors demonstrated that the calculation with the correction of the energy position
of the Ba 4f states improves the relative intensity between the C1 and C2 peaks.
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Figure 3.3.6: LDOS calculation of oxygen and barium in BTO.
In summary, the ELNES of the O-K edges in BTO and STO were well reproduced
using the RSMS approach (FEFF 8.5). The shell by shell calculation revealed the origin
of the specific peaks with respect to the neighbouring atoms. The LDOS calculations
correlated the peaks with the electronic transitions between specific transition states.
Both, the shell by shell and the LDOS calculations for the O-K edge in BTO confirmed
that the peak splitting of C1 and C2 is strongly affected by the Ba 4f states, showing a
good agreement with the band structure calculations [102]. However, the relative peak
positions of the calculated O-K edges showed disagreement compared to the experimental
spectra. The calculations of the core-hole effect and the self-energy should be better taken
into account in the FEFF 8.5 code.
ELNES of the Ti-L23 edge
In general, for the theoretical ELNES calculations, the core-hole interaction and the local
field effects should be considered properly [45]. In the calculation within the single-
electron approximation, the core-hole effect is treated based on the final states rule, in
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which the final state Hamiltonian is modified in the presence of a fully screened core-hole.
However, the local field effects due to the screening of the electron field is ignored in the
single-electron approximation. Despite the lack of the local field effects, the calculation
based on the final states rule showed a good agreement for the deep-core excitation as
shown in the O-K edges in STO and BTO.
Unlike the calculations of the O-K edges, the theoretical Ti-L23 edge calculation is
more complex because of the empty d-orbitals of Ti. The experimentally measured L23
edges of transition metals were previously compared in the literature with those predicted
by the theoretical calculations within the single electron approximation [104–110]. The
authors found significant deviations in the peak widths and the intensity ratios of the
L3 and L2 edge for the transition metals with empty d-orbitals. The core-hole effects
in the L23 edges were overestimated in the calculations based on the single electron
approximation. The calculated spectra kept the 2j + 1 degeneracy of the initial core
state showing an intensity ratio of 2:1 between the L3 and L2 edges. In contrast, the
intensity ratio of the experimental spectra showed a L3/L2 value which was lower than
the calculated value, for example, 0.8:1 for Ti, 1.5:1 for Cr [104].
Although several approaches were developed to incorporate the many-body effects
(core-hole and local field effects) in the theoretical calculation, the transition metals still
remain a challenge. One of the most efficient and reliable methods is the time-dependent
density functional theory (TDDFT) developed by Zangwill and Soven [111] and Stott and
Zaremba [112]. Schwitalla and Ebert [110] and Vasiliev, O¨g˘u¨t, and Chelikowsky [113]
demonstrated that a significant improvement in reproducing the X-ray L23 absorption
spectra of 3d transition metals, when calculations are performed within the TDDFT.
This TDDFT code is implemented in the FEFF 8.5, but not the original code developed
by Zangwill and Soven [111]. A small modification for the RSMS approach was applied.
The detailed theoretical information can be found in the paper of Ankudinov, Takimoto,
and Rehr [45] and the implementation of the time-dependent local density approximation
(TDLDA) in the FEFF calculations is explained in detail in the dissertation of Nesvizhskii
[114].
Three calculations were performed in the presence of a fully screened core-hole, with-
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Figure 3.3.7: The calculated ELNES of the Ti-L23 edge for bulk STO using FEFF 8.5.
The calculation within the TDLDA reproduces four distinctive peaks corresponding to
the splitting of eg and t2g states of d- orbitals at L2 and L3 edge. In addition, the
relative intensity of L2/L3 is shown reasonably well. But the values of ∆L3 and ∆L2
show deviations compared to the experimentally measured value.
out the core-hole effect, and within the TDLDA. The calculated spectra are compared
with the experimental spectrum in Figure 3.3.7. The calculated spectrum with the core-
hole effect shows the intensive first peak and three distinctive peaks, showing deviations
from the experimental spectrum. The calculation without the core-hole effect shows bet-
ter agreement, but the intensity of the L3 edge is still too strong. However, the spectrum
calculated within the TDLDA reproduces the overall near-edge structures with reason-
able relative intensities. It is confirmed that the incorporation of the many-body effects
improved the ELNES calculation beyond the single-electron approximation. When com-
pared with the experimental spectrum, there are, though, still deviations in the peak
widths and the relative peak positions. Moreover, crystal field splitting effect is not im-
plemented in FEFF 8.5. Therefore, an accurate description of the Ti-L23 edge could not
be fully obtained, disturbing the quantitative interpretation of Ti-L23 edge.
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Chapter 4
Core-shell structure of
Dysprosium-doped BaTiO3 ceramics
Barium titanate ceramics are promising dielectric materials for multilayer ceramic capac-
itors (MLCC) due to their high permittivity and low dielectric loss [115]. The relative
permittivity of undoped BaTiO3 (BTO) exhibits typically a non linear relationship with
temperature change. In the vicinity of the transition temperature, a rapid increase of rel-
ative permittivity was observed [116]. It is well known that doping rare-earth oxides into
BTO ceramics improves the reliability of the capacitor, since the dielectric peak moves
towards lower temperature. The dielectric peak can be flattened by doping appropriate
additives [115, 117, 118]. It was observed that the incorporation of rare-earth elements
into BTO ceramics can be used to control electrical degradation and this effect is closely
related to the microstructure in the doped BTO [119].
Extensive work on doping rare-earth oxide to BTO ceramics has been carried out
to study their microstructures and dielectric properties. Takada, Ichimura, and Smyth
[120] studied the incorporation of Er into BTO by measuring the equilibrium conductiv-
ity, lattice parameters, and Curie temperature and microanalysis using SEM, TEM, and
EPMA was also performed. The authors observed that Er occupies the Ti and Ba sites
in the BTO perovskite structure, depending on the Ba/Ti atomic ratio. In particular,
it was confirmed that Ba-Site substitution is slightly more favourable than Ti-site sub-
stitution. Takeda [121] observed that there is Gd3+ ion substitution for the Ti-sites in
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BTO. Murakami et al. [122] confirmed that Sm-doped BTO (≤ 0.2 at.%) has almost the
same lattice constants as those of the undoped BTO. The Sm ions occupy the Ba-sites
and behave as electron donors. However, with a high concentration of Sm, the Sm ions
occupy both Ti- and Ba-sites and behave as electron acceptors, showing a lattice constant
variation.
Tsur, Dunbar, and Randall [123] studied the rare earth element substitution into
BTO extensively in terms of the crystal and chemistry defects. The authors observed
the effect of the ionic radius of the rare earth elements on the site occupation in BTO
ceramics and confirmed that the rear earth elements with the larger ionic radius prefer
to substitute into the Ba site, while those with the small ionic radius tend to incorporate
into the Ti-Site. The remaining rare earth elements with intermediate ionic radius can
occupy both Ti- and Ba-sites, depending on the Ba/Ti atomic ratio( i.e. amphoteric).
In particular, the formation of a core-shell structure in BTO ceramics was observed
by Kishi et al. [124] and the effect of rare-earth elements and MgO on the core-shell
structure was discussed by Kishi et al. [119], Kishi, Mizuno, and Chazono [117], Kim
et al. [125], and Park et al. [126].
The effect of additives on the temperature-stability of dielectrics based on BTO has
been studied in various ways. In the present study, Dysprosium-doped (about 3.78 mol%)
polycrystalline BTO specimens were investigated by TEM. BF imaging was applied to ob-
tain microstructures of the BTO grains. In general, the Z-contrast of the HAADF images
shows a good sensitivity to atomic numbers. However, the BF images of polycrystalline
ceramics usually show a strong diffraction contrast induced by different crystallographic
directions of the grains. The diffraction contrast included in the Z-contrast of the HAADF
images complicates an interpretation of the chemical composition of the grains. Therefore,
EFTEM was applied to find out the distribution of additives in polycrystalline BTO.
Polycrystalline BTO of commercial MLCC was investigated by TEM. Barium titanate
powder was synthesised with MgO and Dy2O3. The specimen was sintered at T=1553
K for two hours in a reducing atmosphere of 1 % H2 in N2 and one hour reoxidation
treatment (p(O2) ≈ 10−5 bar at T = 1273 K). A mean grain size of 300 nm was measured
by analysing SEM micrographs and a density of ≥ 99% is determined by Archimedes’
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Table 4.1: Additives with probable valencies and the effective concentrations measured
by ICP-MS.
element probable valencies effective Cdop (mol%)
Mg +2 1.17 ± 0.17
Al +3 0.32 ± 0.06
V +2, +3, +4, +5 0.08 ± 0.01
Cr +2, +3 0.09 ± 0.01
Mn +2, +3, +4 0.08 ± 0.01
Y +3 0.02 ± 0.01
Dy +2, +3 3.78 ± 0.14
sum 5.55 ± 0.37
principle. The specimen was subsequently polished down to a roughness of ± 50nm. In
order to obtain chemical information of additives, this sample was analysed by inductively
coupled plasma mass spectrometry (ICP-MS) [127]. The results of the ICP-MS analysis
are displayed in Table 4.1. The analysis was performed in the Central Division of Ana-
lytical Chemistry (ZCH) of the Forschungszentrum Ju¨lich and this result was provided
by M. Kessel from Institute of physical chemistry of RWTH Aachen university.
Figure 4.0.1 shows (a) the HAADF image of the cross-sectional polycrystalline BTO
specimen and (b) the Dy profile obtained from the EDX line scan analysis. Each point of
EDX Spectra is recorded every 4 nm for 6 seconds. The trace of line scan is marked as a
red line and the start point as a red circle in the HAADF image. To obtain the Dy line
profile, the Dy-Lα peak at 6.47 keV with an energy window of 0.15 keV was used. The
background signal is obtained in the vicinity of the Dy-Lα peak with the same energy
width. The Dy line profile shows a depletion of Dy in the core region, but an enrichment
in the shell region. From the line profile analysis, the shell width was measured to be
about 50 nm. With respect to the background signal, non existence of Dy is clearly
confirmed in the core region. This result shows a good agreement with the observation
by Sakabe et al. [115].
In addition to the limited diffusion of Dy in the shell region, the ferroelectric domain
stripes are observed in the core region, whereas, no domain structure is visible in the shell
region. It is evident that there is the contribution of Bragg diffracted electrons to the
contrast in the HAADF image and this effect makes the domain structures visible in the
core region. In this case, although the diffraction contrast disturbs observing the core-shell
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Figure 4.0.1: (a) HAADF image and (b) Dy profile from the EDS line scan.
structure over large areas, it makes it possible to detect the core-shell structure within a
single grain along the specific crystallographic direction, showing the ferroelectric domain
structures. Similar results are observed by several research groups ([116, 118, 128, 129]).
In their work, it was confirmed that the core region of BTO maintains the ferroelectric
properties, showing a tetragonal distortion and 90◦ domain structures. In contrast, non
ferroelectric properties were observed in the shell region with a pseudocubic structure. It
was believed that no modification of the core regions occurred by the rare-earth elements
and other dopants.
In Figure 4.0.2, the EDX spectra of the core and shell regions are compared. The
main difference of EDX spectra is that the peak of the Dy-Lα lines is only observed in
the shell region. This observation can be accounted for by the limited diffusion of Dy
into the core regions in BTO ceramics. However, there is a strong overlap between Ba-Lα
(4.47 keV) and Ti-Kα (4.51 keV) lines. Owing to the limitation of the energy resolution
in EDX analysis, the Ba and Ti peaks can not be resolved. In addition, the Mg-Kα (1.25
keV) and Dy-Mα (1.29 keV) lines also overlap. Dy can be identified by the Dy-Lα edge
at 6.49 keV , but Mg cannot be identified, due to the Mg-Kα overlap with the Dy-Mα
(1.29 keV) line.
To overcome these pathological overlaps in EDX analysis, EEL spectroscopy was
subsequently applied. The spectra were recorded using a EELS point measurement in
the STEM mode. In order to cover the whole energy range for the Ti-L23, O-K, Ba-
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Figure 4.0.2: Comparison of energy dispersive (EDX) spectra at the core and shell
region.
M45, and Dy-N45 edges, a dispersion of 0.5 eV/ channel was selected. Therefore, the
energy resolution was worse than the typically achievable value (about 0.8 eV) with a
field emission gun.
Figure 4.0.3 shows (b) a comparison of EEL spectra in the core and shell region and
(a) the corresponding HAADF image. An acquisition time of each spectrum of 10 seconds
was used. For comparison, the background signals are subtracted by fitting the power-law
model and the spectra are aligned at the first peak of the Ti-L3 edge. Unlike the case in
EDX analysis, all elemental identifications of Ba, Ti, O and Dy are completely possible
without peak overlaps. Similar to the results from EDX analysis, Dy is observed only
within the shell region in the EELS analysis. The inset in Figure 4.0.3 (b) shows the
enlarged spectra in the vicinity of the Dy-M45 edge. In addition, a decrease in overall
intensities is observed at the shell region. It can be interpreted that the Dy ions occupy
the Ti- and Ba-sites at the shell region, while the oxygen vacancies are generated. Lee,
Jeong, and Han [130] also predicted a formation of oxygen vacancies by doping Dy2O3
oxide. It is believed that these defects are closely related to the leakage current in MLCC
capacitors.
Moreover, over a large area, a secondary phase is observed with an excess of Dy2O3
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Figure 4.0.3: (a) The HAADF image of the core-shell structure, (b) EEL spectra for
core (blue) and shell (green) region of BTO. The spectra are aligned at the Ti-L3 edge.
(c) The HAADF image of the secondary phase of the Dy-rich grain and (d) the EEL
spectrum for the Dy-rich grain. For comparison the background signals is subtracted
by fitting a power-law model direct in front of the Ti-L23 edges.
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at the grain boundaries. The HAADF image of the secondary phase and the correspond-
ing EEL spectra are shown in Figure 4.0.3 (c) and (d), respectively. The grain size of
the secondary phase is relatively smaller than the one of the grains with the core-shell
structure. The secondary phase grains contain a large amount of Dy and the intensity
of the O-K edge is significantly higher than those of the Ti-L23 and the Ba-M45 edges.
This secondary phase was also observed by Lee, Jeong, and Han [130]. The authors
studied the microstructures of Ba(Ti1−xDyx)O3−0.5x with different Dy concentrations by
analysing SEM micrographs. A grain size variation of BTO with a low concentration of
Dy was very small, but at higher doping levels (≥ 2.0 mol %) a significant reduction in
grain size was observed. They predicted the existence of the secondary phases with an
excess of Dy2O3 at the grain boundaries, leading to a formation of such small grains.
However, the additional phase was not detected by X-ray diffraction analysis because of
the detection limit. In contrast, such secondary phases at the grain boundaries could be
clearly detected by TEM.
In order to obtain the two dimensional elemental distribution, energy-filtering TEM
(EFTEM) was performed on the FEI Tecnai F20 with a GATAN imaging filter at an
accelerating voltage of 200 kV. The EFTEM enables a visualisation of the two dimensional
elemental distribution with nanometre spatial resolution [131, 132].
Cross-sectional TEM specimens of BTO ceramics were prepared by FIB milling. They
were subsequently thinned by Ar+ ion milling with low energy (3 keV) and low incident
angle (±13◦) to remoce the artefacts generated by the FIB preparation. For the precise
chemical analysis using EFTEM, it is required to obtain a homogeneous thickness in a
wide area with a reasonable thickness. Compared to conventional TEM sample prepara-
tion methods, one of the main advantages of the FIB milling technique is the possibility
to obtain uniformly thick TEM samples [65, 133, 134]. In spite of the damages, result-
ing from the high energy Ga+ ions, the TEM sample preparation by FIB milling is a
promising technique for EFTEM imaging.
Prior to the EFTEM imaging , a bright filed (BF) image and (b) the relative thickness
(t/λ) map of the BTO ceramic are recorded (Figure 4.0.4 (a) and (b), respectively). As
expected, the TEM sample preparation by FIB milling enabled an homogeneous thickness,
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(a) (b)
Figure 4.0.4: (a) A bright field image and (b) a relative thickness map (t/λ) of the
MLCC capacitor based on BTO. In the bright field image, the core-shell structure is
hardly visible because of the predominant diffraction contrast effect. A grey scale bar
indicates the t/λ value.
which is confirmed by the t/λ map, showing a small change in the grey scale value
(Figure 4.0.4 (b)). From the intensity of the relative thickness map, a mean value of t/λ
is measured to 0.80 ± 0.13, which shows an appropriate thickness for EFTEM imaging.
However, the effect of the diffraction contrast in this map is still noticeable on the right
bottom area of the t/λ map. This effect disturbs obtaining a precise measurement of the
relative thickness value.
In order to assess the Dy distribution in the BTO ceramic, the elemental maps for
the Ti-L23, Ba-M45, Dy-M45, and O-K edges are recorded. For each elemental map, two
background images in front of the ionisation edge and a core edge (post edge) image on
the corresponding edge are acquired. An extrapolated background image is calculated
by fitting a power-law model from two background images. Subsequently, the calculated
background image is subtracted from the core edge (post edge) image(see Section 1.3.4).
This elemental mapping is therefore often referred to as the three-window method. When
the thickness of the TEM specimen is homogeneous and the diffraction contrast is negli-
gible, the intensity of the elemental mapping image can be quantitatively analysed [27,
Chapter 7].
The signal to noise ratio (SNR) of elemental maps is mainly affected by the specimen
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Table 4.2: Experimental parameters for the acquisition of elemental and jump-ratio
maps. The positions of pre- and post-edges and the energy window widths are deter-
mined by observing the experimental EEL spectra prior to the acquisition of elemental
and jump-ratio maps.
edge pre-edge
1(eV)
pre-edge
2(eV)
post-edge
(eV)
window
width (eV)
acquisition
time (s)
Ti-L23 404 438 469 26 120
O-K 502 522 540 15 120
Ba-M45 721 761 799 35 120
Dy-M45 1215 1265 1315 40 180
thickness, the ionisation edge, the width of the energy windows, the position of post edge
window, collection semi-angle, and image acquisition time [27, 55, 132]. A reasonable
specimen thickness was obtained by FIB milling. To obtain high current of electrons, in
the TEM settings the largest available aperture of about 150µm and the spot size 1 were
used. In imaging mode, the collection semi-angle (β) is determined by the size of the
objective aperture. A small value of β decreases the SNR, while it increases the signal to
background ratio (SBR). The increased SBR enables the accurate background subtraction
from the post-edge image. However, a small amount of inelastically scattered electrons
are collected with a too small value of β. Therefore, in general, it is recommended to use
a collection semi-angle larger than the characteristic angle (θE). A size of the objective
aperture of 20-40 µm for edges below about 1 keV and that of about 100 µm at higher
energy-loss edges are recommended at accelerating voltage of 200 kV [27]. In this work,
the objective aperture of 750 µm was used to obtain a sufficient signal of about 3.8
mol% Dy, because the Dy M45 edge is located at about 1310 eV. The other important
experimental parameters are summarised in Table 4.2.
For acquiring BF and energy filtered images, the CCD camera integrated in the Gatan
GIF with 1024 x 1024 pixels is used. The defocus parameters are optimised in the inelastic
images, before recording the energy filtered images, because the optimum defocus value
for energy filtered images significantly differs from that for an elastic images [131, 135].
The elemental maps for the Ti-L23, Ba-M45, Dy-M45, and O-K edges are shown in
Figure 4.0.5 (a), (b), (c), and (d), respectively. In the Ti, Ba and O elemental maps, no
significant elemental contrast is observed, owing to the high contribution of the diffracted
electrons to the contrast in the elemental maps. However, the diffraction contrast makes
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it possible to visualise the ferroelectric domain structures which are only formed in the
core-regions as in the case of the BF image. This domain structures can be easily de-
tected in thick TEM specimens. However, for EFTEM imaging, the relatively thin areas
are favourable and in the thin areas the domain structures are not clearly visible. In
addition, these domains can be detectable, depending on the crystal orientation. Thus,
the core-shell structure can not be clearly detected by observing the ferroelectric domain
structures. In contrast to the other elemental maps, the Dy elemental map exhibits an
appropriate elemental contrast, clearly showing the core-shell structure. It is believed
that the diffraction contrast induced by different grain orientation dominates especially
in the low energy-loss regions.
Beside elemental mapping with the three-window method, jump-ratio mapping has
been proposed to detect a small amount of precipitates and additives [51, 52, 136]. This
jump-ratio mapping provides a strong elemental contrast with lower noise than the el-
emental mapping. In addition, it produces an elemental map which is nearly free of
the diffraction artefacts in crystalline specimens. In spite of those advantages of the
jump-ratio maps, those images cannot be quantified like the elemental maps, because the
jump-ratio images are obtained by simply dividing pre- and post edge images [52].
In order to detect a Dy elemental distribution and to minimise the effect of the diffrac-
tion contrast, the jump-ratio maps are subsequently calculated for those same elements
checked in elemental maps. As Hofer, Warbichler, and Grogger [51] suggested, when
the elemental maps are performed with three-window method, the jump-ratio maps can
be additionally calculated with the second pre-edge and post-edge images. Figure 4.0.6
shows the calculated jump-ratio maps for the Ti-L23 (a), Ba-M45 (b), Dy-M45 (c), and
O-K (d) edge of the BTO ceramic. The Jump-ratio maps for Ti-L23 and Ba-M45 edge
clearly show a reduction in the Ti and Ba concentrations in the shell regions, while the
Dy jump-ratio map reveals an enrichment in the same shell regions, showing the core-
shell structure with a reasonable SNR. In addition, no signal of Dysprosium is observed
in the core regions. Unlike the result from the EELS shown in Figure 4.0.3 (b), in the
oxygen jump-ratio map, the oxygen concentration variation is not considerably observed
between the core and shell regions. Therefore, a very small amount of oxygen vacancies
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Figure 4.0.5: Elemental map images for (a) Ti-L23, (b) Ba-M45, (c) Dy-M45, and (d)
O-K edge of the BTO ceramic. Due to the predominant effect of diffraction contrast,
the core-shell structure is not clearly visible except for the Dy elemental map.
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resulted from Dy doping can be predicted. Consequently, it can be concluded that the Dy
ions diffuse into the shell regions of the BTO ceramic, occupying both Ti- and Ba-sites,
however no chemical modification by Dy in the core regions is detected, because of the
limited diffusion of Dy. This result is in a good agreement with the previous EDX and
EEL spectra analysis.
Additionally, two kinds of secondary phases were observed at the grain boundary
triple points by the jump-ratio maps. The predominant secondary phase is observed as
small triangular shaped grains, showing deficient Ti, excessive Ba, and excessive O. These
grains are also found by the EELS analysis, as shown in Figure 4.0.3(b). These secondary
phases are indicated by red arrows in Figure 4.0.6. Another secondary phase is found
and shows less concentration of Ti and Ba, but more O and Dy than the surrounding
grains. This region is indicated by a yellow arrow.
In conclusion, alternative Jump-ratio mapping is a powerful technique to investigate
a distribution of a small amount of additive elements in the BTO ceramics with a signif-
icant reduction of the effect of diffraction contrast. The SNR is considerably improved
compared to the elemental mapping with the three-window method. In the case of the
elemental mapping, the background subtraction from the two pre-edge images leads to
unavoidable noise in the elemental maps and it reduces the actual SNR [52].
The two dimensional Dy jump-ratio map revealed the incorporation into the shell
regions in the BTO ceramic. The Ba and Ti jump-ratio maps confirmed that the Dy
ions occupy both Ba- and Ti-sites in the BTO lattice structure. Though the result of the
EELS analysis showed a small variation of the oxygen concentration between the core
and shell regions, this feature is not observed in the O jump-ratio map. In addition, two
kinds of secondary phases were observed at the grain boundary triple points.
One may consider EDX mapping to obtain the two dimensional elemental maps. In
general, EDX mapping requires in the range of hours for obtaining maps in such a large
area. This long acquisition time results in radiation damage, specimen drift, and severe
contamination. In particular, for MLCC capacitor based on the BTO ceramic, it cannot
be applied because of the peak overlaps of the Ba-Lα and Ti-Kα lines.
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Figure 4.0.6: The Jump-ratio maps for (a) Ti-L23, (b) Ba-M45, (c) Dy-M45, and
(d) O-K edge of the BTO ceramic. The core-shell structure is clearly identified by
the jump-ratio map, producing a reasonable elemental contrast and less noise than
conventional elemental maps. Additionally, the two secondary phases with different
chemical compositions are observed and indicated in the Ti jump-ratio map by arrows
with different colours. These are not easily observed by the other techniques.
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Despite many attempts to directly observe the ferroelectricity of BTO thin films, satisfac-
tory experimental results have not been reported. The tetragonal distortion of the BTO
thin film was often observed [85, 86, 137–139]. However, there is a lack of experimental
evidences for the off-centre displacement of the Ti ions which is a direct indication for
the presence of the ferroelectricity.
In the present work, the ferroelectric properties of BTO thin films were studied using
HAADF imaging with spatially resolved EELS. The inherent terminations of the BTO
thin films were studied in various heterostructures epitaxially grown by PLD. It was
observed that the BTO thin films can be grown unit-cell by unit-cell. Therefore, at the
upper interface, the BTO thin films were predominantly terminated by the TiO2 layer on
the TiO2 terminated STO substrate. In some areas, mixed terminations could be locally
observed, due to the imperfection of the last surface layer under the BTO thin film.
In general, HRTEM imaging has been employed to study atomic structures at the
interfaces. Nevertheless, the phase contrast delivers almost no chemical information and
the contrast is therefore not directly interpretable. Since the ferroelectric heterostructures
consist of the electrodes and ferroelectric thin films which have very similar atomic struc-
tures, the identification of the atomic species at the interfaces is rather ambiguous and
challenging using HRTEM. In contrast, HAADF imaging is beneficial due to the strong
chemical sensitivity of the Z-contrast and makes it possible to study the terminations of
the BTO thin films at the interfaces. Moreover, spatially resolved EELS can be applied
to obtain information of local chemical compositions, while simultaneously acquiring an
HAADF image.
In order to enhance and stabilise the ferroelectricity of the BTO thin films, the BTO
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thin films investigated in the present studies were compressively strained by the STO
substrate which has a smaller lattice parameter (strain engineering) and its termination
was changed by adding a BRO layer (interface engineering). HAADF imaging was applied
to study the ferroelectricity of the BTO thin film optimised by tailoring the strain and
by applying interface engineering. In this study, drift-corrected HAADF imaging was
used to reduce inherent drifts caused by the scanning technique. In this technique,
multiple frames are recorded with a short acquisition time for each frame. The drifts
are subsequently corrected frame by frame using the cross-correlation algorithm and the
corrected frames are finally averaged out. This approach led to a significant reduction
of the detrimental drift effects on the contrast, while noticeably improving the signal to
noise ratio. Thereby, this technique allowed us to precisely determine the atomic column
positions in the scanning technique.
The resulting drift-corrected HAADF images were quantitatively analysed in terms of
the tetragonal distortion and the off-centre displacement of the Ti ions. A displacement
of about 25 pm of the Ti ions along the [001] axis with respect to the centre of the
BTO unit cell and a tetragonality of 1.08 % were observed. Both the observed Ti ion
displacement and the enhanced tetragonality are strong evidences for the presence of
ferroelectricity in this optimised 2.4 nm thick BTO film. Consequently, the results showed
that the ferroelectricity of the BTO thin film can be enhanced by using strain and interface
engineering.
Furthermore, to clearly elucidate the effect of the termination of the BTO thin film on
ferroelectricity, a reference heterostructure without a BRO layer was grown by PLD under
similar growth conditions. The same analysis using drift-corrected HAADF imaging was
performed for this reference sample. This results show that the tetragonal distortion
remains almost unchanged, yet a substantially smaller displacement of the Ti ions was
observed compared to the one in the heterostructure with the additional BRO layer.
However, this small difference of the Ti ion displacement remains within the uncertainty of
the measurement. Therefore, to support this result, the electric property measurements,
such as the ferroelectric polarisation measurements using piezo force microscopy, should
be performed in the future. Unfortunately, a conducting Nb-doped STO substrate was
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used for the reference sample, while an insulating STO substrate was used for the sample
with the BRO layer. In this case, the effect of the termination of the BTO thin film
on ferroelectricity cannot be clearly deduced based on our experimental results, since
different electric fields at the bottom interfaces could be present and affect the ferroelectric
properties of the BTO thin films.
In addition to the structural analysis, the fine structures on the Ti-L23 edges were
studied using StripeSTEM. In the BTO thin film, a ∆L3 value of 1.93 eV was observed
which is significantly smaller than the values in the STO substrate and bulk BTO. More-
over, an asymmetrical broadening of the Eg peak on the L3 edge was found in the BTO
thin film. The smaller ∆L3 value and the asymmetrical Eg peak on the L3 edge are closely
related to the tetragonal distiortion and symmetry changes of the BTO thin film. These
results support the evidences obtained using drift-corrected HAADF imaging.
Thus, the ferroelectricity of the thin film structures can be studied using a combina-
tion of drift-corrected HAADF imaging and spatially resolved EELS in STEM. In order
to understand the fine structures of the Ti-L23 and O-K edges, the corresponding fine
structures were calculated using the FEFF code based on real space multiple scatter-
ing theory. The calculated fine structures of the O-K and Ti-L23 edges showed a good
agreement with the experimental spectra. However, the precise relative peak positions of
the fine structures could not be predicted. Therefore, a direct interpretation of the near
edge fine structures was not possible based on theoretical calculations. Nonetheless, the
results of our EELS analysis clearly support the structural informations revealed by our
HAADF STEM measurements.
As a second part of our experimental studies, the doping behaviour of Dy in BTO
ceramics was investigated. In general, EDX spectroscopy can be applied for identifying
atomic compositions of heavy elements. However, the specific atomic site occupations
of Dy in the BTO structure cannot be accounted for, owing to the severe overlap of the
Ba-Lα and Ti-Kα peaks. In contrast, the techniques based on EELS analysis typically
yield an energy resolution of about 0.8 eV, showing no overlap between the Ba-M45 and
Ti-L23 edges.
Thus, the distribution of Dy in BTO ceramics can be revealed using EFTEM. However,
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elemental distribution maps based on the three-window technique show strong diffraction
contrast, disturbing the interpretation of the spatial distribution of elements. Thus, jump-
ratio images based on the two-window technique were used, which exhibit less diffraction
contrast. In spite of the relatively high energy loss of the Dy-M45 edge (about 1295 eV)
and a low doping level of about 3.8 mol%, EFTEM were successfully performed, clearly
showing the core shell structure of the BTO grains. The Ti-L23 and Ba-M45 maps revealed
that the substitution of Dy on both Ti and Ba sites only occurs within the shell regions.
The Dy-M45 map confirmed this result showing higher contrast only in the shell regions.
In the core regions, the pure BTO with no diffusion of Dy was observed, but in the shell
regions both the Ti and Ba sites were partially occupied by Dy.
It is generally accepted that the pure BTO in the core regions preserves the ferroelec-
tric properties, while the Dy-doped shell regions consist of the paraelectric phase [117].
This coexistence of the ferroelectric (core) and paraelectric (shell) phases in the BTO
ceramic lowers the dielectric peak and a relatively flat permittivity is achieved over a
wide range of temperatures. Thus, by doping a small amount of Dy in BTO ceram-
ics, temperature-stable characteristics of the capacitance can be achieved with improved
reliability.
The EFTEM analysis of the doping behaviour of Dy in BTO ceramics revealed the
local chemical compositions. However, the fine structures on the Ti-L23 edges between
the core and shell regions have not yet been studied to verify the local distinctive electric
properties of the Dy-doped BTO ceramics. In order to support the above mentioned
explanation related to electric properties, spatially resolved EELS could supplement the
present investigations.
According to the experimental results obtained by EFTEM, oxygen vacancies in the
Dy-doped BTO grains were not observed, but a small amount of oxygen vacancies within
the shell region were found in the corresponding EEL spectrum. It is considered that
the amphoteric character of Dy in the shell regions can lead to a decrease in the oxygen
vacancy concentration in the BTO ceramics [117]. Accordingly, it can be expected that
a decrease in the leakage current leads to a prolonged lifetime of the capacitors.
In this thesis, experimental evidences using TEM were provided to support theoretical
Conclusions 131
predictions for an improvement of ferroelectricity of BTO. The applied techniques, such as
drift-corrected HAADF imaging with spatially resolved EELS and EFTEM, are powerful
tools for probing ferroelectricity at the atomic level. Ultimately, these techniques can
provide solutions to previously unsolvable material problems, showing atomic structures
related to electronic properties.
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Appendix I
#!/usr/bin/env python
## Script information
__author__ = "Daesung Park and Philippe Pinard"
__email__ = "park@gfe.rwth-aachen.de"
__version__ = "0.1"
## 01.11.2012
import os
import csv
from scipy.stats import cauchy
from scipy.optimize import leastsq
import numpy as np
import matplotlib.pyplot as plt
## set the directory path
dirpath = ’/home/zeromon’
## creat the csv file for the peak positions and the delta l3 and l2
csvfilepath = os.path.join(dirpath, ’distances.csv’)
csvfile = open(csvfilepath, ’w’)
writer = csv.writer(csvfile)
writer.writerow([’Index’, ’Peak 1’ ,’Peak 2’, ’Peak 3’, ’Peak 4’,
’Width 1’, ’Width 2’, ’Width 3’, ’Width 4’,
’delta l3’, ’delta l2’])
## read
for i in range(38, 48):
filepath = os.path.join(dirpath, ’x_%s.txt’) % str(i).zfill(2)
print ’-’ * 80
print ’Reading %s’ % filepath
xs = []
ys = []
with open(filepath, ’r’) as fp:
for line in fp:
if line.startswith(’#’): continue
row = line.strip().split()
if not row: continue
xs.append(float(row[0]))
ys.append(float(row[1]))
xs = np.array(xs)
ys = np.array(ys)
xs = xs[430:800]
ys = ys[430:800]
#ys = ys[400:700]
#plt.plot(xs, ys)
#plt.show()
# enter dispersion and energy shift values of eels measurement
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dispersion = 0.1
shift = 401.8
xs= dispersion*xs+shift
# initial guess values [location, scale, amplitude, base]
#p = [458.8, 0.8, 1680,
#460.8, 0.8, 1800,
#463.8, 0.8, 1700,
#465.8, 0.8, 2200, 10]
p = [459, 0.6, 0,
461, 0.6, 0,
464, 0.6, 0,
467, 0.6, 0, 0]
def residual(p, y, x):
l1, w1, a1, l2, w2, a2, l3, w3, a3, l4, w4, a4, b = p
y_fit = a1 * cauchy(loc=l1, scale=w1).pdf(x) + \
a2 * cauchy(loc=l2, scale=w2).pdf(x) + \
a3 * cauchy(loc=l3, scale=w3).pdf(x) + \
a4 * cauchy(loc=l4, scale=w4).pdf(x) + b
#a5 * cauchy(loc=l5, scale=w5).pdf(x) + b
err = y - y_fit
return err
p_solved, p_dummy, infodict, mesg, ier = leastsq(residual, p,
args=(ys, xs), full_output=True)
#print p_solved
plt.figure()
plt.plot(xs, ys)
l1, w1, a1, l2, w2, a2, l3, w3, a3, l4, w4, a4, b = p_solved
y_fit = a1 * cauchy(loc=l1, scale=w1).pdf(xs) + \
a2 * cauchy(loc=l2, scale=w2).pdf(xs) + \
a3 * cauchy(loc=l3, scale=w3).pdf(xs) + \
a4 * cauchy(loc=l4, scale=w4).pdf(xs) + b
#a5 * cauchy(loc=l5, scale=w5).pdf(xs) + b
# calculation rsquared (error)
ss_err=(infodict[’fvec’]**2).sum()
ss_tot=((ys-ys.mean())**2).sum()
rsquared=1-(ss_err/ss_tot)
print rsquared
# calculation of crystal field splitting at the L3 and L2 edges
dl3 = l2-l1
dl2 = l4-l3
plt.plot(xs, y_fit)
y_fit = a1 * cauchy(loc=l1, scale=w1).pdf(xs)
plt.plot(xs, y_fit)
y_fit = a2 * cauchy(loc=l2, scale=w2).pdf(xs)
plt.plot(xs, y_fit)
y_fit = a3 * cauchy(loc=l3, scale=w3).pdf(xs)
plt.plot(xs, y_fit)
y_fit = a4 * cauchy(loc=l4, scale=w4).pdf(xs)
plt.plot(xs, y_fit)
#y_fit = a5 * cauchy(loc=l5, scale=w5).pdf(xs)
#plt.plot(xs, y_fit)
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plt.axvline(l1)
plt.axvline(l2)
plt.text(l1, a1, str(dl3))
#plt.text(l1, a1, str(l1))
#plt.text(l2, a2, str(l2))
plt.text(l1-10, a1-200, str(rsquared))
pngfilepath = os.path.splitext(filepath)[0] + ’.png’
plt.savefig(pngfilepath)
writer.writerow([i, l1, l2, l3, l4, w1, w2, w3, w4, dl3, dl2])
print l1, w1, dl3, a1
print l2, w2, dl3, a2
print l3, w3, dl3, a3
print l4, w4, dl3, a4
#print l5, w5
#plt.show()
csvfile.close()
